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ABSTRACT 
Nanoscale multilayer coatings have high potential for numerous engineering 
applications because they can exhibit enhanced properties due to nanoscale effects and 
combine different properties from individual components. At present, scale effects on the 
mechanical behavior of multilayers are not well understood. Three multilayer 
nanocomposite systems, namely Al/Al2O3, Ti/TiN, and Cr/a-C, have been synthesized by 
using a dual-gun e-beam physical vapor deposition, to investigate the effect of layer 
thickness, the nature of components and their microstructures on the mechanical behavior. 
The deposited Al and Ti nanolayers were found to have polycrystalline fcc and hcp 
structure, respectively, the Cr and TiN layers had fine columnar bcc and fcc structure, 
respectively, and the Al2O3 and C layers were amorphous. Nanoscale effects were 
observed in all three systems with the metal layer thickness affecting significantly the 
mechanical behavior. The hardness response of the present systems can be described as a 
function of the metal layer thickness by a Hall-Petch relationship. A critical Al layer 
thickness of 40 nm, below which there was no further hardness enhancement, was found 
for the Al/Al2O3 multilayers. The critical Al layer thickness could be predicted by 
previous theoretical models. A hardness increase was observed down to a Ti layer 
thickness of 5 nm for the Ti/TiN system. The strengthening of the Ti/TiN multilayers was 
consistent with the macroyield maps based on a confined layer slip model. Hardness in 
the Cr/a-C system showed a continuous increase down to a Cr layer thickness of 20 nm. 
The fracture toughness of the monolithic ceramic phase was significantly improved by 
introducing a metal/ceramic multilayered structure. The wear behavior of the present 
multilayers was mainly controlled by the ceramic phase. The Cr/a-C multilayers achieved 
 x
a low friction coefficient (~0.1) and low wear rate (~10-5 mm3/N m). The present research 
shows that properties can be tailored by appropriate selection of layer thickness and 
nature of individual components. 
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CHAPTER 1 INTRODUCTION AND MOTIVATION 
A wide spectrum of monolithic films with desirable properties has been produced 
for a wide range of applications. However, there are numerous applications where the 
properties of monolithic films are not sufficient. One way to surmount this problem is to 
use a multilayered film that can combine the attractive properties of several materials, 
each chosen to serve a desired function. Further more, it has been observed that materials 
exhibit enhanced properties when their critical dimension is in the nano regime 
(<100nm). However, the reasons for their behavior are not well understood. 
Nanocomposite multilayered thin films have been shown to exhibit extremely 
high hardness and a low friction coefficient, making them useful as abrasion-resistant 
coatings [1]. Multilayered films introduce a large number of interfaces parallel to the 
substrate surface, which can deflect microcracks and provide barriers to dislocation 
motion, increasing the strength and fracture toughness of the films.  
The performance of multilayers has been widely investigated in metal/metal 
systems, such as Al/Cu [ 2 , 3 ], Ni/Pt and Pd/Pt [ 4 ], ceramic/ceramic systems, such as 
TiN/NbN [5], TiN/VN [6], and TiC/TiN [7], and metal/ceramic systems, such as Ta/TaN [8], 
and Ti/TiC [9]. When layers have small dimensions, dislocation blocking occurs when two 
phases of the multilayered film have different shear moduli, and therefore different 
dislocation-line energies. In this case, dislocations prefer to pile up at the interface within 
the layer with the lower shear modulus. An additional stress is required to move the 
dislocations into the layer with the higher shear modulus compared to that required in a 
homogeneous film. Metal/ceramic multilayered films offer this significant difference in 
shear moduli, and thus are ideal candidates to study scale effects leaning to strengthening. 
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Additionally, these multilayers can be designed to possess high hardness (ceramic 
component) along with good ductility (metallic component) for a number of advanced 
tribological systems.  
Three different metal/ceramic multilayer systems, namely Al/Al2O3, Ti/TiN, and 
Cr/a-C, with different microstructures were chosen for this study. The metallic 
components, Al, Ti and Cr, were selected in order to study scale effects from the three 
major metal crystal structures, i.e., fcc, hcp, and bcc, respectively. The ceramic phases of 
Al2O3 and TiN have higher strength and shear moduli compared with their counter metal 
phases; however, the a-C layer has a lower shear modulus than that of Cr.  
Lehoczky [2,3] proposed that Koehler’s strengthening model [10] is also applicable 
to a multilayer system where one phase is amorphous. The Al/Al2O3 multilayer system is 
chosen to explore this theoretical prediction.  
There are a few studies on the Ti/TiN multilayer system [11-14], but they show 
significant differences. The Ti/TiN multilayer system is chosen to clarify the existing 
discrepancy.  
Few studies have been carried on a multilayer system with a strong amorphous 
phase with a lower shear modulus than that of the mating tough metal phase, thus, the 
Cr/a-C multilayer system is chosen to study the strengthening mechanism for such a 
system.  
Thus, the motivation behind the present study was to investigate scale effects 
involving different microstructures in multilayered systems in order to develop a better 
fundamental understanding of their corresponding behavior. 
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CHAPTER 2 OBJECTIVES 
The structure and mechanical properties of monolithic films have been widely 
studied and are known to be size-dependent. Similar size effects are expected in the nano-
multilayers (i.e., layer thickness-dependent); however, the relationship between the 
microstructure, layer thickness, and mechanical properties of multilayers is not well 
understood. The objective of the present investigation is to develop a better fundamental 
understanding of the behavior and properties of such multilayer systems, and it has the 
potential to contribute to an area of significant current technological interest. The 
multilayered systems selected are model systems, and the basic knowledge gained from 
the present study can be utilized to theoretically design and experimentally study future 
systems of interest. 
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CHAPTER 3 STATE-OF-THE-ART 
3.1 Overview 
Small scale materials (critical dimensions <100 nm) have revolutionized the 
world since these materials can provide new, unique and drastically different properties 
from their bulk counterparts. The principal driving force behind these developments was 
the economic benefits achieved by utilizing these new materials [15]. Some primary 
examples of research and development include nanocomposite, microelectromechanical 
systems/nanoelectromechanical systems (MEMS/NEMS), biomaterials, multilayers, 
magnetic and memory storage materials, and others. Multilayers are attracting significant 
research interest due to their high potential for engineering applications since they can 
combine different properties of individual materials to meet specific performance 
requirements that cannot be achieved by a monolithic film alone. Furthermore, nanoscale 
effects can produce materials with new and improved properties. For example, 
multilayers can achieve strength levels well above those of their individual components.  
Koehler [10] was the first to propose a multilayered structure that could resist 
deformation and not be susceptible to brittle fracture. Following his model, there were 
many theoretical and experiental studies on multilayers. At present, there are several 
application areas of multilayers, including [16]: 
(1) The use of one interlayer or several interlayers to enhance the adhesion of 
coatings by reducing the mismatch in mechanical, chemical, or thermal properties 
between coatings and substrate. For example, bonding of the target to the holder by using 
several interlayers; 
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(2) The use of multilayered structures to control the residual strain and therefore 
the tensile stress within coatings, most commonly to enhance the effective adhesion and 
strength; 
(3) Alternating layers that can improve the fracture toughness either by 
introducing layer interfaces to stop cracks or providing a tough medium through which 
propagation of cracks is prohibited; 
(4) Alternating hard and brittle layers along with ductile and tough layers to avoid 
the significant stress concentrations that may occur with thick hard coatings; 
(5) Nanoscale multilayers that inhibit dislocation motion, and thereby possess 
extremely high strength; 
(6) Individual layers that provide distinct physical or electrical properties, such as 
diffusion, thermal, or insulating barriers. 
Multilayer coatings have numerous applications because of their multifunctional 
character, moderate residual stresses, good adherence to substrates, a proper hardness-to-
toughness ratio, and low friction coefficients, suitable for a composite exposed to 
complex service conditions [7]. The interruption of the columnar grain growth and the 
combination of layer materials with different functional characteristics are additional 
benefits of multilayers. Generally, for brittle ceramic bulk materials, a fine-grained 
multiphase structure with high amounts of interfaces often improves the crack 
propagation resistance and thus the toughness. In hard coatings, the preferred 
requirements are similar to those in brittle ceramics. Besides hardness, high toughness is 
also required for high performance because cracks, fractures, or lack of adhesion due to 
high stresses can lead to early coating failure. The large amount of interfaces in the 
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coating by the formation of nanocrystalline or multilayer films should help to overcome 
these problems. It is well known from fundamental studies on the relations between wear 
and material properties that abrasive wear, fatigue strength, and fracture of materials are 
dependent on the proper toughness-to-strength ratio [17]. The tremendous interfaces in 
multilayer coatings are also sites of energy dissipation and crack deflection, leading to a 
toughening of the layer material. This is contributed by the grain size and texture 
adjustment. Therefore, in designing a multilayer coating, we have to consider a functional 
and structural design. By the functional design we can combine materials with different 
strength, toughness, and wear functions in the coatings, and by the structural design we 
can adjust the grain size, the shape of the grains, the amount and constitution of interfaces, 
the thickness of the individual layers. By these ways, properties such as the hardness-to-
toughness ratio, or the strength at higher temperatures for special applications can be 
optimized [7].  
Many studies of multilayers were carried out for different purposes. There are 
several studies about epitaxial multilayers. Shinn et al. [5] discussed the growth, structure, 
and microhardness of the epitaxial TiN/NbN superlattices with wavelengths (Λ) ranging 
from 1.6 to 450 nm grown by reactive magnetron sputtering on MgO(100). Cross-
sectional TEM studies showed well-defined superlattice layers and relatively sharp 
interfaces. High-resolution images showed misfit dislocations for Λ=9.4 nm, but not for 
Λ=4.6 nm. The Vickers microhardness was found to increase rapidly with increasing Λ, 
achieved a maximum value of 4900 kg/mm2 at Λ=4.6 nm, which was 3100 kg/mm2 
larger than the alloy value, and then decreased gradually by further increases in Λ above 
4.6 nm. The hardening mechanisms were explained by a combination of two effects that 
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inhibited dislocation motion across the layers. The primary hardness enhancement was 
related to the difference in dislocation line energies in the TiN and NbN layers. A 
secondary reason was related to coherency strains. The maximum hardness occurred 
where the layers were too thin for coherency-strain relaxation or dislocation motion, but 
thick enough that the NbN layer provided effective “potential wells” so that dislocations 
and interdiffusion did not significantly reduce the composition modulation amplitude. 
Similar effects were found in another single-crystal TiN/VN strained-layer superlattice 
(SLS) system by Helmersson et al. [18]. The hardness (H) of the SLS structures increased 
rapidly with an increase in the superlattice period and reached a maximum of 5560 
kg/mm2 at Λ=5.2 nm. Further increases in Λ resulted in a rapid decrease in H to 3950 
kg/mm2 at Λ=7.5 nm and with only a relatively slow decrease in H at higher wavelengths. 
The highest H measured was more than 2.5 times higher than the hard TiN component.  
An ultrathin Co/Cu multilayer system prepared by electrodeposition was chosen 
by Shima et al. [19] to study the magnetic properties as a function of the cobalt layer 
thickness. They chose this approach because several interesting effects may occur as the 
layer thickness approaches atomic dimensions, from the suppression of the Curie 
temperature to the alterations associated with the dimensionality of the system changing 
from 3D to zero. It was found that when the Co layer thickness was x<1.7 monolayer 
equivalents (ML), the multilayers exhibited superparamagnetic behavior due to the finite 
size of the cobalt islands comprising the discontinuous multilayer structure, and also the 
lateral-length scale became large enough to stabilize ferromagnetism and the giant 
magnetoresistance (GMR) effect. Another magnetic Co/Ag multilayer system prepared 
by evaporation in ultra-high vacuum (UHV) was studied by Szymozak et al. [20]. It was 
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argued that the peculiar dependence of the saturation magnetostriction constant ( Sλ ) and 
the anisotropy constant ( UK ) on the Co layer thickness should be explained by 
incorporating both the surface magnetostriction term and the reduced symmetry of the 
magnetoelastic interaction. There are some other studies on the magnetic properties as a 
function of layer thickness such as Fe/Cr multilayers by Ziegenhagen et al. [21] and 
TbFeCo/(Pt, Pd) multilayers by Itoh et al. [22]. Besides the magnetic properties of 
multilayers, the structure and optical properties of Ge(100 Å)/C(40 Å) multilayers 
deposited on Si and sapphire substrates by RF magnetron sputtering were studied by Wei 
et al. [23]. The authors also studied the annealing effects at different temperatures. A 
dramatic difference in structures and optical properties was observed for the multilayers 
deposited on both substrates after annealing at 500oC. 
The microstructures of a Ti/Al multilayer system were systematically studied by 
Banerjee et al. [24]. Very interesting structure transitions were observed as decreasing the 
bilayer thickness. At room temperature, bulk Ti and Al have hcp and fcc structures, 
respectively. However, in the very thin Ti/Al multilayers with equal layer thickness of Ti 
and Al, Ti transforms from hcp to fcc and Al transforms from fcc to hcp in the studied 
bilayer thickness range from 108 nm to 5.2 nm. The SAED pattern while Λ=108 nm 
shows that the multilayer is composed of hcp-Ti/fcc-Al. High-resolution transmission 
electron microscopy (HRTEM) images of the multilayered film at Λ=21 nm show a clear 
evidence of fcc-Ti presence in the hcp-Ti layers; however, the hcp-Ti is significantly 
smaller than that of fcc-Ti. Reducing Λ to 9.8 nm results that the Ti layers completely 
transform into fcc structure. Further reducing Λ to 5.2 nm causes structure change in both 
Ti and Al layers resulting in a stacking sequence of hcp-Ti/hcp-Al. It was argued that the 
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structural transformation of the Ti/Al multilayers could be explained by the Redfield-
Zangwill model [25]. 
It is well known that the mechanical properties of functional materials are 
structure-related. Processing parameters have a significant effect on the structure and thus 
the mechanical properties. Wang et al. [26] synthesized superhard TiC/Mo multilayers by 
ion beam assisted deposition (IBAD) with different bombarding energy (0 eV and 50 eV) 
to investigate the bombardment effect on the structure and mechanical properties in the 
modulation wavelength of 2 to 14 nm with equal individual layer thicknesses. A 
maximum hardness of 47.62 GPa was found at Λ=8 nm for the multilayers deposited 
without ion beam bombardment, and this hardness value was even higher than that of the 
hard TiC component. It was also found that the multilayers without ion bombardment 
were much harder than those bombarded by a 50 eV Ar+ ion beam. It was argued that 
both the interphase boundary and the grain boundary were hardening the polycrystalline 
multilayers. When the multilayer wavelength was in the range of nanoscale, the ion 
bombardment could alter the sharpness of the interlayer, lead to a severe mixture effect, 
and reduce the hardness. The annealing effects on the microstructures and mechanical 
properties of the TiN/AlN nano-multilayers prepared by ion-beam assisted deposition 
were discussed by Kim et al. [27]. The microstructure and hardness of the TiN/AlN 
multilayers remained unchanged at temperatures up to 1000oC. However, the 
microstructure was modified abruptly while annealing above 1100oC, and it was difficult 
to define the epitaxial-layered structure. The metastable cubic AlN phase was changed to 
the wurtzite AlN, and the layered structure was changed to elongated grain morphology. 
The hardness decreased due to the change of microstructure. 
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Ben Daia et al. [28] studied the wear resistance and the hardness of the Al/Al2O3 
multilayers deposited on silicon at different temperatures: Ts = 25oC and Ts = − 90oC with 
the modulation period ranging from 2 to 40 nm. The nanoindentation measurements 
found that the hardness of the Al/Al2O3 multilayers had an intermediate value between 
that of Al and Al2O3. For the Al/Al2O3 multilayers deposited at Ts = 25oC, no significant 
difference in wear resistance was observed when compared with the Al2O3 monolithic 
film. A large enhancement of wear resistance was obtained for the multilayers deposited 
at Ts = − 90oC with decreasing period thickness. 
Many other kinds of multilayer properties were studied such as stress [29], strain 
during vapor deposition [30], elastic-plastic deformation under sliding contact [31], elastic-
plastic energies [11], stress and fracture behavior in contact loading [32], and so on. The 
temporal changes of sign and magnitude of the intrinsic stress of the Co/Cu, Co/Pt, and 
Co/Au multilayers were studied by means of a cantilever technique [29]. It was found that 
the intrinsic stress in Co layers deposited on Cu, Pd and Au layers was tensile and that of 
Cu, Pd, and Au layers on Co was compressive. The stress of each layer in the Co/Pd and 
Co/Au multilayers was much smaller than the stress estimated from the lattice mismatch; 
and the stress of each layer in the Co/Cu multilayers was beyond the critical shear stress 
of actual metals and reached the ideal critical shear stress of the perfect crystal. Such a 
large stress in the Co/Cu multilayers was thought to be useful to control physical 
properties such as magnetic anisotropy. The elastic-plastic deformation behavior under 
sliding contact was studied by Pan et al. [31]. It was found that the multilayers could 
greatly reduce the maximum shear stress on the interface of the layer-substance and the 
stress at the crack tip, but the stress and strain gradients near the interface were very large. 
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The elastic and plastic energies of the Ti/TiN multilayers were studied by Kikuchi et al. 
by using nanoindentation [11]. The energy-dissipated ratio defined as the ratio of 
dissipated energy to total applied energy to a film during nanoindentation indicates the 
tendency for plastic deformation of a film. It was found that at Λ=10 nm, a reduction of 
the dissipated energy and the energy-dissipated ratio was observed. It was assumed that 
the reduction was caused by a pinning effect for the dislocation motion at interfaces of Ti 
and TiN because the dissipated energy was consistent with energy for the propagation of 
the dislocations related to plastic deformation. 
Misra et al. [33] studied the residual stresses in sputter-deposited Cu/Cr multilayers 
and Cu and Cr single-layered polycrystalline thin films by the substrate curvature method. 
The stresses in the multilayers were found to be tensile and to increase in magnitude with 
increasing layer thickness (λ) to a peak value of ~1 GPa for λ=50 nm. For λ > 50 nm, the 
residual stress decreased with increasing λ but remained tensile. The same trends were 
observed in single-layered Cu and Cr thin films, except that the maximum stress in the 
Cu films was one order of magnitude lower than that in Cr. It was argued that the growth 
stress in the Cr layers was the primary source of residual stress in the Cu/Cr multilayers, 
with minor contributions from the growth stress of Cu and the interface stress. The Cr 
films exhibited nanoscale grain sizes with columnar porosity. The tensile stress evolution 
was attributed to a crystallite coalescence mechanism. Estimation of stress from the strain 
due to an increase in in-plane grain size seemed to explain the stress evolution at low 
thicknesses. At higher film thicknesses, the residual stress might be limited by the yield 
stress of the film. The total stress in the multilayers was found to be greater than the 
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average of the Cu and Cr growth stresses. It was argued that the difference was attributed 
to interface stress. 
Among the properties of the multilayers, hardness and wear behavior were two of 
the most widely studied properties. Some selected previous studies will be discussed in 
sections 3.3 and 3.6, respectively, in detail. 
3.2 Theoretical Considerations for Multilayer Strengthening 
 Many experiments and theoretical predictions or models have been carried out to 
study the hardening in multilayer materials, following Koehler’s theoretical model. 
Several hardening mechanisms have been proposed, including image forces on 
dislocations, dislocation glide across interfaces, dislocation glide within individual layers, 
non-ideal interface, the super-modulus effect, the Hall-Petch formalism, and so on. 
However, it is worthy to note that there are several presumptions in his model: 
(a) The multilayer is prepared by epitaxial crystal growth and consists of alternate 
layers of crystals A and B, but it is not required that materials A and B have the same 
crystal structure; 
(b) The lattice parameters, at the processing temperature, are nearly equal. Thus, 
the two crystals of multilayers grow on one another epitaxially with a coherent interface 
and thus without large strains present at the interface; 
(c) Their thermal expansions should be as close as possible so that the 
temperature change does not destroy the lattice fit at the interfaces; 
(d) The elastic constants should differ as much as possible, thus the line energy 
(i.e., the energy per unit length) of dislocations should be as different as possible in large 
single crystals of materials A and B. If A has higher line energy, dislocations prefer to be 
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in B. Moreover, a very large external stress will be required for the dislocation motion 
from B into A; 
(e) The bonding energy between A and B atoms should be large, i.e., of the same 
order as that between two A or two B atoms; 
(f) The layer thickness of A and B must be small. The B layer with lower line 
energy must be thin enough so that the dislocation generation cannot occur inside the B 
layer. This requires that the layer thickness of B be of the order of 100 atomic thick or 
less. The A layer should be about the same thickness, because if it were thick, 
dislocations generated in A could pile up in B and produce the stress concentration. 
Using the isotropic elasticity theory, a long straight screw dislocation near to and 
parallel to one of the interfaces was considered. The force per unit length between the 
dislocation and its nearest image is given by 
rbRF B πµ 4/
2=       (3.1) 
where )/()( BABAR µµµµ +−= , Aµ  and Bµ  are the shear moduli of materials A and B, 
respectively, b is the Burger’s vector of the screw dislocation in material B, and r is the 
distance between the dislocation and its nearest interface. The dislocation is repelled if R 
is positive. The resolved shear stress ( rσ ) required for the dislocation to move within r to 
the nearest interface is 
rbR Br πθµσ 4/sin=      (3.2) 
where θ is the smallest angle between the interface and the glide plane of crystal B. 
Equation (3.2) could not hold up to the interface. Actually, the maximum repulsion 
should occur when the distance to the interface was equal to the core radius ro = rmin ≈ 2b, 
and it is given by 
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θσπθµσ sin8/sinmax mBr R =≅      (3.3) 
where πµσ 8/Bm R= . The Koehler’s strengthening mechanism for the multilayers is that 
the Frank-Read dislocation source cannot operate when the layer thickness is below a 
critical value. Several possible combinations were discussed in this model, i.e., nickel and 
copper, rhodium and palladium, alkali halides MgO and LiF, and tungsten and tantalum. 
Besides, this model is also valid if one of the materials is amorphous. 
 Koehler’s model was experimentally confirmed by Lehoczky [2,3]. Besides, 
Lehoczky discussed the case of multilayers having polycrystalline structures. The 
resolved tensile stress in the B layer (with a lower shear modulus) required for grains 





a ∞+≈ σσσ      (3.4) 
where B∞σ  was the stress caused by frictional forces in B as tB→ ∞. Generally, the 
applied stress required for yield should be greater than Baσ . In the elastic region of the 
stress-strain characteristics, for a given strain ε, the applied stress aσ  is distributed 
between the A and B layers according to  
εεσ BBAAa YVYV +=      (3.5) 
where YA and YB are the Young’s moduli, and VA and VB are the volume fractions of A 
and B, respectively. The condition for yield in the multilayers is given by  
B
mBY ∞+≥ σσε      (3.6) 
Therefore, the tensile stress needed is 
))(/( BmABBAa YYVV ∞++≥ σσσ     (3.7) 
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mABa YY ∞++= σσσ     (3.8) 
For R ≥ 0.3, Equations (3.4) and (3.7) imply that the yield stress values are in excess of 
that of the individual component [3]. Apparently, the realization of such high yield 
strengths requires the absence of dislocation motion, i.e., requires thin layers.  
Following Lehoczky’s discussion, Kelly [34] proposed a critical layer thickness 
( cBλ ) of Koehler strengthening below which the Frank-Read dislocation source would 





a ba λµσ =      (3.9) 
where a is a structure factor of the order of unity, Bb  is the Burger’s vector in material B, 
and Bλ  is the layer thickness of B. In both Equations (3.4) and (3.9), 
B
aσ  represents the 
tensile stress in material B due to an applied stress aσ  on the multilayers. Because of 
B
∞σ << mσ , by setting 0=∞
Bσ , the critical layer thickness could be expected by: 
RabB
c
B /32πλ =      (3.10) 
A critical Al layer thickness of 232 nm was found for the Al/Cu multilayers with 
a constant Cu layer thickness of 50 nm. Above the critical thickness, the resolved tensile 
stress had a linear dependence on the inverse layer thickness, and it stabilized below the 
critical layer thickness. Similar phenomena were also found in the Al/Ag system with the 
same Al critical thickness [2].  
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The strength and elastic moduli of multilayers were compared with those 
predicted by the rule of mixtures (ROM) [2]. The strength of a multilayer given by ROM 
(σ(ROM)) is: 
BBAA ffROM σσσ +=)(      (3.11) 
where fA and fB are the volume fractions, and σA and σB are the yield strengths of materials 
A and B, respectively. Since the direction of indentations is perpendicular to the plane of 












1      (3.12) 
where EA and EB are the elastic moduli of materials A and B, respectively. The average 
yield strength of the Al/Cu laminates for the 20~70 nm layer thickness range is about 3.2 
times higher than that for the laminates having a layer thickness of 1000 nm, and about 
4.2 times higher than that given by ROM for the similarly prepared Cu and Al specimens. 
The tensile strength of the Al/Cu laminates for the 20 ~ 70 nm layer thickness range is 
about 3.4 times greater than the values given by ROM for the cold-rolled bulk metals [2]. 
 Another model was proposed by Sevillano [35] to explain the strengthening 
mechanism in pearlite and to calculate the strength of bulk lamellar-structure materials, 
based on the critical stress necessary to propagate dislocations in the matrix between 
cementite lamellae. According to this model, the critical stress necessary to propagate 








+=     (3.13) 
where 0σ = friction stress, M = Taylor factor (M = 3 in fcc metals, M = 2 in bcc metals), 
A = 1.21 (mixed dislocations), G = shear modulus, b = Burger’s vector, and λ = thickness 
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between barriers. The above equation predicts the strength (σ) of a multilayer 
λ
λσ )/ln( b∝ . 
 The above strengthening models for multilayers were proposed based on a sharp 
interface. However, this is not always true for a multilayer processed by physical vapor 
deposition (PVD) or chemical vapor deposition (CVD) methods. A non-ideal interface 
was considered in the model proposed by Chu and Barnett [36]. The superlattice interface 
composition modulations are schematically represented in Figure 3.1. Superlattice 
interfaces were expected to have a certain width, due to intermixing during deposition. In 
Figure 3.1, C1 and C2 stand for the compositions of layers 1 and 2, respectively. For large 
Λ, a trapezoidal modulation was formed with layer compositions C1 = 1 and C2 = 0 
corresponding to pure materials 1 and 2, respectively (Figure 3.1), and layer thicknesses 
t1 = l1 – w and t2 = l2 – w (Figure 3.1(a)), where l1 and l2 are the nominal layer thicknesses 
for w = 0. Figure 3.1(b) shows a sawtooth modulation that stands for the case while l1 and 
l2 are small enough that t1 and t2 → 0. Chu and Barnett [36] discussed the maximum stress 
required for dislocation gliding across the interfaces. The effects of the dislocation core 
( coreτ ), the extended dislocation field ( stτ ), and the average shear stress ( oτ ) were taken 
into account to predict the maximum shear stress ( maxτ ), i.e., the stress required for yield. 
Head [37] first proposed the stress on a screw dislocation near an abrupt interface between 
materials 1 and 2 with shear moduli 01G  and 
0
2G , respectively, such that there was an 
abrupt modulus change 02
0
1 GGG −=∆ , where 
0
1G  > 
0
2G . The repelling shear stress τ  for 




cosθτ ∆=      (3.14) 
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where θ  is the angle between the glide planes and the interface normal, a is π
4
1  for 
screw dislocations and )1(
4
1 νπ −  for edge dislocations, and v is Poisson’s ratio. Equation 
(3.14) is only valid for G∆ << 02
0
1 GG +  and x > b2 , i.e., the dislocation core effect is not 
taken into account. Based on the Peierls dislocation model, Pacheco and Mura [38] derived 
the shear stress on a dislocation at an abrupt interface, which was valid at all x values 



















θτ    (3.15) 
When x > 2b, Equations (3.14) and (3.15) give the same result. 
 By taking the composition modulation to be a series of small modulus changes 
jG∆  with a step width equal to the interplanar spacing normal to the interfaces, as 
illustrated in Figure 3.1, the effects of interface broadening and multiple interfaces were 
accounted. For both trapezoidal and sawtooth composition modulations, the maximum 
shear stress ( maxτ ) was obtained when the dislocation was at the center of the interface 
region, and maxτ  could be given as 
0max ττττ ++= stcore      (3.16) 
where 0τ  is the average shear stress required for dislocations to slip in homogenous 



















Figure 3.1 Schematic representation of the approximate composition modulations for a 
gradient interfacial composition. (a) Trapezoidal modulation for large periods, 
and (b) sawtooth modulation for small periods. [36] 
The normalized shear stress within the dislocation core region resulting from G 
changes can be given by the sum of Equation (3.15) over each of the lattice planes 
within2b of the dislocation, as 
∑=
core
PMcore ττ       (3.17) 
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The shear stress of the extended dislocation strain field ( stτ ) can be obtained by 
summing Equation (3.14) over the entire modulation except the lattice planes within 2b 








































GabA θ   (3.18) 
Chu and Barnett [36] also discussed the case when the shear stress for the 
dislocation glide from layer 2 with a lower modulus to layer 1 with a higher modulus was 
increased by a large G∆ . A high stress to cause dislocation motion may be achieved 
within the individual layers, as shown in Figure 3.2. They predicted that there was a 
lower limit on the stress required to operate a pre-existing dislocation half-loop confined 
in layer 2 with a lower shear modulus, as shown in Figure 3.2(a), and there was an upper 
limit on the shear stress when there were not sufficient dislocations available from layer 
interfaces, cross slip, and/or grain boundaries, such that generation of dislocations was 
required, as shown in Figure 3.2(b).  
The lower-limit critical shear stress 2Lτ  in layer 2, relative to the critical shear 














L =−    (3.19) 
where θcos/2l  is the width of the dislocation glide plane between the barriers. Since the 
glide planes will in general lie at a range of different angles to the interfaces, an 








Figure 3.2 Schematic representation of a (a) dislocation loop gliding, and (b) dislocation 
source operating within a softer layer 2. [36] 
The dislocation source operation for the upper-limit critical shear stress in layer 2 
is shown schematically in Figure 3.2(b). The minimum loop radius is half the layer width. 














U =−    (3.20) 
 The yield stress for the higher-shear-modulus layers was also discussed [36]. For 
the layers of material 1, dislocations are not confined by the surrounding lower-modulus 
layers; however, pre-existing dislocation lines, e.g., cross slip, may propagate under a 
sufficiently large applied stress. The minimum yield stress will be obtained when the 
pinning sites are near the layer interfaces, where the minimum dislocation loop diameter 
is 1l≈ . The critical shear stress is given by an identical equation as (3.19) but with 1l  and 
0
1G  substituted. This expression will be valid when there are plentiful preexisting 
dislocations. If there are not sufficient dislocations present within the stiffer layers, then 
the dislocation source may operate within the stiffer layers. In this case, the upper critical 
shear stress is given by Equation (3.20) with 1l  and 
0
1G  substituted. 










tot σσσ      (3.21) 
The shear stress τ  can be converted to the yield stress σ  by using Schmid’s law 
as  
m
τσ =      (3.22) 
where m is the Taylor factor, which can be calculated from the relative orientations of the 
slip planes, slip directions, and direction of the applied stress [39]. For randomly oriented 
polycrystalline fcc metals, the predicted m is around 0.32 [40].  
 Using Equations (3.19) and (3.22) and introducing them into Equation (3.21), we 
















+=   (3.23) 
where )/)(/()/)(/( 2021010 Λ+Λ= lmlm ττσ . 
 The upper-limit yield strength can be acquired similarly by using Equations (3.20) 
and (3.22) and ntroducing them into Equation (3.21). 
This model was successfully used to fit experimental data in nitride/nitride 
superlattice systems and metal/metal systems. It should provide a guideline for designing 
and processing stronger and harder superlattice systems. 
 Perfect multilayers composed of single-crystal layers are hard to synthesize. 
Defects in epitaxial multilayers were discussed in detail by Matthews et al. [41-43] in three 
parts. In Part (I), the multilayers composed of many (60 to 120) thin (75 to 700 Å) single-
crystal films of GaAs and GaAs0.5P0.5 grown on GaAs substrate were processed by 
chemical vapor deposition. Dislocations that accommodated part of the misfit between 
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the individual GaAs and Ga(As,P) layers were described. Besides this obvious interlayer 
misfit, there was another misfit between the multilayer and the GaAs substrate. In Part 
(II), dislocation pile-ups, slip lines, and microcracks generated as a result of the misfit 
between the multilayer taken as a whole and its substrate were discussed. The role of the 
presence of dislocation pile-ups and microcracks was argued that they were made to 
relieve the elastic stresses generated as a result of the misfit between the multilayer taken 
as a whole and its substrate. The elastic energy of a thin multilayer could be reduced by a 
dislocation pile-up if the sign and strength of the pile-up were such that they could reduce 
the elastic stresses generated in the multilayer by its substrate. Relief of stresses 
generated in a multilayer by its substrate required the dislocation motion through the 
multilayer, through the substrate, or along the multilayer-substrate interface. The 
thickness of the multilayer was always much less than that of the substrate. Thus, the 
elastic (misfit) stresses in the multilayer were always much higher than those in the 
substrate. Analysis showed that the driving force for the motion of a pile-up through a 
multilayer was the stress by its substrate. An approximate value for the maximum number 
of dislocations expected in a pile-up was also discussed. The dislocations in a pile-up 
relaxed the misfit strain over a distance roughly equal to the thickness of the multilayer. 
The number of dislocations needed to relax the strain over this distance was 
approximately 
bfnnhN mCB /])(2[max +=     (3.24) 
where Bn  and Cn  were the number of B and C layers, and mf  was the misfit between the 
multilayer and its substrate. In Part (III), several techniques used to enhance the 
perfection of epitaxial GaAs and Ga(As0.5P0.5) multilayers were: (a) to use film 
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thicknesses below which misfit dislocations were not formed between layers; (b) to 
match the lattice parameter of the substrate to that of the multilayer taken as a whole; (c) 
to use coherency or misfit strain to drive threading dislocations out of the sample. TEM 
examinations on a carbon replica of an etched multilayer that contained fifteen GaAs and 
fifteen Ga(As,P) layers showed that specimens prepared using these techniques contained 
no dislocations to accommodate misfit between layers and few dislocations to 
accommodate misfit between the multilayer and its substrate. The density of threading 
dislocations was less than 104 per cm2. Comparison of this result with that obtained 
earlier in Parts (I) and (II) for multilayers grown on unmatched substrates showed that the 
use of matched substrates reduced the density of threading dislocations by a factor greater 
than 104. 
However, multilayers processed by the widely used PVD methods usually have 
polycrystalline structures, and there may be a lattice misfit between the multilayers taken 
as a whole and their substrates. The strengthening mechanism for such multilayers may 
differ from that for the epitaxial multilayers. 
The Hall-Petch relationship is a well-known formalism relating the grain size of a 




/kd −+= σσ      (3.25) 
where σ is the yield strength of the polycrystalline material, 0σ  is the friction stress, k is 
a material-dependent constant which measures the relative hardening contribution of the 
grain boundaries, and d is the grain size of the polycrystalline material. 
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The relationship between hardness (H) and yield strength (σ) is approximately 
given by [46]: 
σ3≈H      (3.26) 
Thus, the hardness can be expressed as [1]: 
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0
/dkHH −′+=     (3.27) 
where H is the hardness of polycrystalline material, 0H  is the hardness of the same bulk 
material with large grain size and k ′  is a constant. The Hall-Petch relationship was also 
used to predict the hardness behavior of multilayers by substituting the grain size with 
layer thickness (λ) or modulation period (Λ) of multilayers. It proved consistent with 
some experimental results [5,47]. However, deviations from the Hall-Petch relationship 
were also observed [6,48], especially when the layer thickness or modulation period was 
small. Because only a few dislocations or no dislocations may be present in a single layer 
when the layer thickness is thin (<20 nm), more sophisticated models are necessary. 
Misra et al. [49] discussed the strengthening mechanism for multilayers at different 
combinations of layer thickness and grain-size values. Systematic diagrams with scale 
effects on dislocation pileup behavior are shown in Figure 3.3. For the case in which the 
in-plane grain size (d) of material B with a lower shear modulus is comparable to the 
layer thickness (h) (Figure 3.3(a)), the multilayer has a stress-free initial state with an 
array of edge dislocations at the interface in the layer B to compensate differences in 
lattice parameters. To generate additional dislocations, the added dislocations will build 
up at the A-B interface in the layer B and transfer the load to the layer A until the stress is 
sufficient for A to begin to flow. Two main dislocations at this stage are interface 
dislocations with spacing λ and screw dislocations piling up at the grain boundaries in the 
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layer B. A comparison of the stress concentrations in the center of a grain in the layer B 
associated with the added interface dislocations and that due to the screw pileups gives an 
indication which controls further flow. The back stress of the interface edge dislocations 
at the center of the grain ( eσ ) and that of the screw pileups ( sσ ) are given by the 





















σ      (3.29) 
where G is shear modulus, v is Poisson’s ratio, and n is the number of dislocations in 
screw pileups. By equating eσ  and sσ , the grain size (d) can be expressed as a function 






nd =      (3.30) 
 For a sufficiently large atomic misfit, the strains associated with a coherent 
interface raise the total energy of the system. Thus, it becomes energetically more 
favorable to replace the coherent interface with a semicoherent interface, in which misfit 
dislocations are periodically shown in Figure 3.3(d) [ 50 ]. The misfit ( mε ) between 







=      (3.31) 
where αd  and βd  are the unstressed interplanar spacings of matching planes in the A and 




























Figure 3.3 Schematic diagram of a multilayer composed of material A with low shear 
modulus and material B with high shear modulus with different layer 
thickness (h) compared with grain size (d) for (a) h ≈ d, edge dislocations 
pileup at A-B interface and screw dislocations pile-up at grain boundaries in 
material layer A, (b) d >> h, pile-ups do not form below a critical h, (c) h >> d, 
pile-ups do not form below a critical d [49], and (d) a semicoherent interface 


























==     (3.32) 
Figure 3.3(b) shows the situation d >> h which corresponds to the situation 
similar to single crystal layers. There will be a critical layer thickness (hc) below 
whichpileups will not form. By assuming n = 1 and considering a pileup of screw 





λ      (3.33) 
By summarizing the model proposed by Misra et al., both the layer thickness (h) 
and the grain size (d) will affect the yield strength (σ) while the grain size is comparable 
to the layer thickness (h), and the strength is controlled by h for h >> d and by d for d >> 
h, respectively. 
 At the scale of a few or several tens of nanometers, most plastic deformation 
mechanisms involve single dislocation motion, forming individual loops rather than 
continuum-scale pile-ups. The maximum strength of multilayers is theoretically predicted 
to relate to the stress needed to transmit a single dislocation across the interfaces. 
However, Misra et al. [51] studied the large strain deformation behavior of the Cu/Nb 
multilayers synthesized by sputter deposition. The self-supported Cu/Nb multilayered 
foils in the nanometer range (Λ=150 nm with equal thickness of Cu and Nb, and total 
thickness 15 µm) show significant behavior during rolling as compared to the 
micrometer-scale multilayer foils (Λ=4 µm with equal thickness of Cu and Nb, and total 
thickness 16 µm). The rolled micrometer-scale multilayers exhibit the formation of the 
dislocation cells and large lattice rotations of the interface plane normal, however, the 
rolled nano-scale multilayers reveal no dislocation cell structures and insignificant 
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rotations of the interface normal. It was argued that the dislocation mechanisms in rolled 
nano-scale multilayers resulted in symmetric slip. 
3.3 Hardness Response of Multilayers 
 The engineering applications of multilayers strongly depend on their strength. The 
mechanical properties of monolithic films have been widely studied and are known to be 
grain-size dependent. Similar scale effects are also expected in the nano-multilayers. 
However, the mechanism of the mechanical response of multilayers may differ from that 
of bulk materials or monolithic films because of the presence of layer interfaces and 
because the grain size may also scale by varying the layer thickness. Thus, many studies 
on multilayers were carried out to develop a relationship between the layer 
thickness/modulation period or grain size and the hardness. 
 A recent study on the Cu/Ni multilayer coatings prepared by RF/DC magnetron 
sputter revealed that the nanohardness of the multilayers was enhanced by a factor of 
~2.5 times that of the rule-of-mixture value while the modulation wavelength was 
between 68 Å and 176 Å [52]. The hardness values of sputtered Cu and Ni were 2.23 GPa 
and 3.12 GPa, respectively. The results indicated that the hardness also depended on the 
copper-to-nickel thickness ratio. In these multilayers, the thickness of the Cu layer was 
kept at 19 Å and that of the Ni layer was varied as 32, 49, 65, 82, and 98 Å. The 
multilayer exhibited a maximum hardness for λCu/λNi ≈ 0.3 (λNi = 65 Å). The authors 
argued that the possible reasons could be as follows: (i) for samples having λCu close to 
λNi and small Λ, the interfaces are not sharp. Consequently, alloying between nickel and 
copper takes place and hardness decreases. (ii) For samples having λNi ≈ 2.5 λCu and 
intermediate Λ, the multilayers exhibit the typical superlattice structure. Therefore the 
 30
pile-up mechanism of dislocations holds in this regime, and as a result, the hardness 
increases. (iii) For λNi >> λCu and very large Λ, the superlattice structure is completely 
lost and dislocations are generated in the nickel layer. As the number of dislocations 
generated in the nickel layer is large and the thickness of the copper is very small, 
dislocations propagate along the growth direction and hence the hardness decreases. 
 Wang et al. [53] studied the mechanical properties of the TiC/Mo multilayers 
prepared by ion beam assisted deposition (IBAD) with Λ ranging from 2.5 to 13.7 nm at 
equal individual layer thickness. The highest hardness was observed at the smallest Λ 
studied. It was argued that the often-used mechanism, the increase in the hardness of 
multilayered thin films is caused by the difference in dislocation line energies between 
the layers to which the hardening is proportional, applies to a case where the slip systems 
of both layers are the same. However, for the TiC/Mo multilayers, the dislocation slip 
systems of the two constituents are different. Another possible interpretation of the 
enhanced hardness is that it is indeed a manifestation of supermodulus behavior. 
However, the elastic moduli of the two phases did not show any elastic anomalies. 
Therefore, the hardness enhancement of the TiC/Mo multilayers cannot be explained by 
the above two theories. Another theory, involving the well-known Hall-Petch relationship, 
is commonly used to explain the increase in the hardness of multilayered thin films. For 
nanoscale metal/ceramic and/or ceramic/ceramic multilayered thin films, layer thickness 
λ may be many times smaller than the grain size. One of the constituents might also be 
amorphous. Consequently, the periodic thickness is expected to become the dominant 
factor in determining the hardness behavior of these kinds of multilayers. The least 
squares fit gave a value of n = 0.47 for the Hall-Petch type of relationship, H = H0+c/λn, 
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which is very similar to the semi-empirical value n = 0.5 for polycrystalline materials. 
Thus, they argued that the hardness enhancement behavior could be understood as owing 
to an interphase boundary hardening [53]. 
 The Ti/TiN multilayer system is one of the most widely studied metal/ceramic 
multilayer systems. Figure 3.4 shows the literature data of the Ti/TiN multilayers with 
equal layer thickness of Ti and TiN studied by nanoindentation [11-14]. A common result 
for these studies is that the maximum hardness values of multilayers are higher than the 
relative hardness value of the hard TiN component. However, these results still show 
significant discrepancy. Ben Daia et al. [14] found a continuous hardness increase as the 
modulation period was decreased to the minimum value Λ=2.5 nm with the maximum 
hardness (Hmax) 25.2 GPa. However, the rest studies showed a critical Λ with different 
maximum hardness values: 50 nm with Hmax= 23.0 GPa [12], 20 nm with Hmax= 28.5 GPa 
[13], and 10 nm with Hmax= 11.2 GPa [11], respectively. There are several possible reasons 
for these discrepancies: (i) Different processing conditions, such as substrate temperature, 
pressure ratio of Ar-N2, power density, deposition rate and so on, might result in different 
grain sizes and structures of the Ti and TiN layers, and the extent of the sharpness of the 
interfaces; (ii) The hardness values of pure Ti and TiN films might differ for different 
studies, which had an important effect on the resulting hardness values of the multilayers; 
and (iii) The total thickness of the multilayers and the indentation load were different, 
which might have different contributions from different substrates. Table 3.1 summarizes 
some of these differences. Ben Daia et al. [14] argued that the hardness behavior of the 
polycrystalline Ti/TiN multilayers could be given as a relationship of the type 
Λ+= /0 kHH . They also argued that these results were different from the model of 
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Lehoczky [2, 3] because the model did not take into account the real structure of layers and 
interfaces. However, Kikuchi et al. [11] argued that the Hall-Petch relation was consistent 
for their study. From the dependence of the deformation ratio on the modulation period, 
the deformation behavior of the films during the indentation would be speculated as 
follows: at a large modulation period, dislocations induced by nanoindentation were 
generated in the Ti layers with a low shear modulus, and propagated within the Ti layers 
inducing easy plastic deformation; on the other hand, at small modulation period, the 
dislocation motion through the interface between the Ti and TiN layers was prevented 
because the shear modulus of TiN was higher than that of Ti. In addition, pinning of the 
dislocations might exist at the interfaces. Li et al. [12] found a critical period of 50 nm, 
below which the hardness descended rapidly with a decrease of Λ because of the 
microstructure change of the multilayers, i.e., with the decrease of Λ, a layered structure 
of the multilayers might disappear, caused by the diffusion of atoms in adjacent layers. A 
layer structure became the compositionally gradient structure, which resulted in the loss 
of the hardness enhancement effect from the multilayered structure. Kusano et al. [13] 
found a critical Λ= 20 nm. They argued that the hardness enhancement mechanisms 
could be considered on the basis of Koehler’s theory. The sandwich structure of a hard, 
brittle material/a soft material affects the hardness or strength of the multilayered film. In 
this case, a soft material prevents a crack that is generated in a hard, brittle material layer 
from propagating into deeper layers. However, for a shorter Λ than the critical value, they 
also argued that a layer structure might disappear, resulting in lost effects of the 














Figure 3.4 Literature data of hardness versus λ 2/1−m  for Ti/TiN multilayers with equal Ti 















Li et al. 2001  Kusano et al. 1998
Kikuchi et al. 2000 Ben Daia et al. 2000
Λm (nm) 
100 40 10 5 2.5 1.25
 34
Table 3.1 Processing conditions and previous results from the literature on the Ti/TiN 
multilayers. 
 Li et al. 2001 Kusano et al. 1998 
Kikuchi et 
al. 2000 
Ben Daia et 
al. 2000 
Ti 12 - 3.9 7.4 H 
(GPa) TiN 21 15 8.4 24.1 
t + (µm) 1.5~2.0 0.5 0.4 0.3 
Λc ++ (nm) 50 20 10 - 
Hmax (GPa) 23 29 11.2 25.2 
2
/ NAr PP  3:7 0.4 Pa /0.39~0.43 Pa - 6 
T (oC) +++ 25 - - 50~80 
Note 
1 Discharge current: 
1.5 A for Ti, 1.25 A 
for TiN 
2 Deposition rate: 0.7 
nm/s for Ti, 0.16 
nm/s for TiN 
Cathode 
voltage: 440 V 
for TiN, 410-






0.06 for Ti 
and 0.02 for 
TiN  
+ Total thickness of multilayers; ++ Critical modulation period; +++ Substrate temperature. 
also disappear because the two alternative layers with a long period would cause no 
interactions between them. 
3.4 Residual Stress of Multilayers 
 Residual stresses are stresses that arise due to growth of a thin film on a substrate 
or thermal effects. These stresses may be caused by many reasons: surface energy effects, 
variation of lattice parameter with crystallite size, coalescence of crystallites, grain 
growth, excess vacancy annihilation, grain boundary relaxation, and so on. The residual 
stresses in thin films on substrates are detrimental to the reliability of thin electronic films 
and thin substrate devices. Tensile stresses in thin metallic films are usually attributed to 
the coalescence of isolated islands and the removal of voids between the islands during 
the early stages of film growth. The driving force for coalescence is the reduction of 
energy by replacing two free surfaces with a grain boundary [54]. Nix and Clemens [55] 
have developed the following relation to estimate the stress generated due to island 
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coalescence by balancing the energies associated with eliminating two free surfaces, 









σ     (3.34) 
where maxσ  is the maximum tensile stress, sγ  is the surface energy, gbγ  is the grain 
boundary energy, and a is the radius of the in-plane size of the crystallites in the film and 
it is assumed to be isotropic with Young’s modulus (E) and Poisson’s ratio (v). 
At a critical coating thickness, the residual stress across the interface can be of a 
magnitude sufficient enough to initial coating delamination. Nevertheless, it is generally 
believed that the compressive residual stresses in the plane of the coatings generated by 
using the plasma-assisted PVD method are beneficial to tribological performance. In 
order to design devices for improved lifetime, an understanding of the origin of these 
stresses and the controlling processes is needed. The presence of a bi-axial stress in a thin 
film on a substrate can cause the substrate to bend elastically or even deform if the 
substrate is too thin. The common method to determine the residual stress is to measure 
the substrate bending. Substrates in the form of either cantilever beams or discs are used, 
depending on the deflection measurement device or equipment employed. For a thin film 
on a relatively thick substrate, the residual stress (σ) in the film can be calculated from 















=      (3.35) 
where [E/(1-v)]s is the bi-axial modulus of the substrate, ts and tf is the thickness of the 
substrate and film, respectively, B is the length of the beam, and δ is the beam reflection.  
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 The substrate curvature for the disc geometry is measured most commonly by 
using interferometric, laser, or X-ray methods. The average residual stress in the film can 













=σ      (3.36) 
where R is the radius of curvature of the substrate. 
There are many possibilities of the origin of the residual stresses in thin films on 
substrates, which are discussed by Doerner and Nix [56]. Thermal stresses are often 
dominant in the case of high temperature deposition or where high temperature annealing 
occurs during subsequent processing. These stresses develop because of the difference in 
thermal expansion between the film and its substrate. For multilayers with many repeated 
layers, the difference in the thermal expansion between the different layers may become 










σ     (3.37) 
where [E/(1-v)]f is the bi-axial modulus of the film, and fs aaa −=∆  where sa  and fa  is 
linear thermal-expansion coefficient of the substrate and film, respectively. If the film is 
deposited at a temperature T1 then heated or cooled to a different temperature T2, the bi-
axial strain in the film becomes 
)( 12 TTa −∆−=ε     (3.38) 
If the deposited temperature changes as growing the film, the average bi-axial strain in 








∫−∆−=ε     (3.39) 
where dz is a film thickness increment and t is the total film thickness. In this case, the 
strain through the film thickness is not constant. For multilayers on a thick substrate, 
Equations (3.38) and (3.39) hold for each layer, independent of other layers. The thermal 
expansion of the individual layer relative to that of the substrate is the only important 
parameter. The order of the layers has no significance to the thermal strain as long as the 
deposition temperature is constant.  
The strain during vapor deposition of the BaF2/ZnSe/Ag/Si(100) multilayers was 
studied by Rizzo et al. [30] by measuring the substrate deformation using the strain-gauge 
resistance change. They aruged that the residual strain in the thin films results mainly 
from three contributions: the thermal, intrinsic, and extrinsic strain. Thermal strain results 
from different thermal behavior between the substrate and the film due to cooling after 
deposition. The intrinsic stress is related to the microstructure (microstructure, texture 
and grain size) of the film, which is strongly dependent on the processing method. In 
absence of external loads, the extrinsic stress is mainly due to the absorption of polar 
species, such as water molecules, on pore walls of the films. A general trend in the strain 
measures exists during the deposition of thin films: initially it is negative with a linear 
behavior, then reaches a broad minimum value and increases towards an asynthetic value 
after vacuum cooling. When a multilayer of BaF2/ZnSe/Ag/Si(100) is deposited, the 
evolution of the stress for each layer is the same for the corresponding single layers. 
3.5 Fracture Toughness 
There are two possible distinct fracture modes of a multilayer. The first mode is 
edge crack corresponding to the crack plane parallel to that of the layer interface, and the 
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second one is surface crack corresponding to a crack originating on the surface and 
growing into the film towards the substrate [60]. The toughening in the first mode results 
from the plastic deformation of the tough layers that bridge the crack behind the position 
of the  crack tip  in the brittle  layers  and  create additional  crack closure  forces  that the 
applied load must overcome. For a very small crack, the crack bridge is negligible, and 
the fracture toughness is controlled by the fracture of the strong, brittle layer. For a longer 
crack, the bridging zone gets longer; hence, the fracture toughness of the multilayer 
increases. Once the crack length is long compared with the bridging length, the toughness 
reaches a steady-state value known as the R-curve behavior [61]. In the case of a coating, 
the second case may be the main fracture mode for the multilayers. 
A schematic illustration of the second mode of the surface cracking mechanism is 
shown in Figure 3.5(a) [60]. For the propagation of a crack in such a multilayered film, 
when the crack reaches the tough metallic layer, a new crack must be nucleated on the 
other side of the tough layer, and the renucleation may control the fracture process. If the 
strength of the strong, brittle layer is sσ , then the stress in the strong layer ahead of the 
original crack is also sσ  for the crack renucleation. Thus, the critical stress-intensity 
factor ( ctK ) for crack renucleation is 
[62] 
tsct LK πσ 2=     (3.40) 
where Lt is the layer thickness of the tough layer. Apparently, fracture toughness 
increases with metal layer thickness. 
Fracture toughness can be measured by a radial cracking method at a threshold 
below which crack does not form. A schematic representation is shown in Figure 3.5(b). 










































Figure 3.5 Schematic illustration of the cracking mechanism showing (a) extended 
cracking in brittle layers and crack bridging by tough layers, and (b) surface 







EKc α=       (3.41) 
where α is a constant determined by the indenter geometry, which is 0.016 for the 
Vickers indenter and 0.040 for the cube-corner indenter. H and E are the hardness and 
Young’s modulus of the film, respectively, P is the cracking threshold, and c is the length 
of the radial cracks. 
 Cao and Evans [62] proposed a similar fracture mode for ductile/brittle laminates. 
A crack propagation is arrested up to one of the ductile layers, and then renucleated in the 
brittle layer on the other side of the ductile layer. As this process continues, the ductile 
layers form bridges across the crack. Further crack propagation plastically deforms the 
ductile layers until these layers fail by necking. In another work by Deng et al. [63], a 
model has been developed for multiple cracking in the ceramic/superlattice laminates 
based on bending theory. In this model, the following assumptions are made: (1) the 
deformation of the bending beam follows the elastic bending theory, and (2) the interface 
bonding between the superplastic layer and the ceramic layer is strong enough so that no 
debonding occurs during the bending test. Moreover, the outer layers of the laminates are 
assumed to be ceramic layers. In a three-point bending test, the roller speed is constant, 
and the strain in the outer ceramic layer increases continuously during the bending test. 
The outer ceramic layer fractures when the maximum strain that the outer layer can stand 
is reached. However, crack propagation stops at the next superplastic layer that is much 
tougher than the ceramic layer. Moreover, the superplastic layer relaxes the residual 
stress in the fractured ceramic layer so that the fractured ceramic layer has a negligible 
effect on the fracture behavior of the next ceramic layer. Furthermore, the stress 
concentration due to the crack in the ceramic/superplastic laminates can be ignored. In 
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this case, the effective thickness of the bending beam can be viewed as that of the 
unbroken part. Also, the neutral axis of the beam moves after the ceramic layer fractures. 
As the roller goes forward, the strain of the second ceramic layer increases until a new 
fracture occurs. Such events will continue until all ceramic layers break. There are two 
basic processes that occur after the ceramic layer fractures: one is the relaxation of the 
residual stress in the fractured ceramic layer and the other is the shear of superplastic 
flow below the fractured ceramic layer. The theoretical results indicate that, in difference 
with the metal/ceramic laminates, multiple cracking in the ceramic/superplastic laminates 
comes from the coaction of the residual stress in the as-fractured ceramic layer and the 
shear of superplastic flow. A criterion for the single cracking to multiple cracking 
transformation is established, which shows that the occurrence of multiple cracking 
depends on the roller speed of the bending test and the material properties. 
Harding et al. [64] have recently found that the critical load Pc can be significantly 
reduced by employing special indenters (cube corner indenter) with smaller tip angles. 
During the formation of the indentation, the cube-corner indenter displaces more than 
three times the volume of material as the Berkovich and Vickers indenter at the same 
load, thus producing greater stresses and strains in the surrounding material and reducing 
the cracking threshold. 
3.6 Tribological Behavior of Multilayers 
 The lifetime of coatings in service ultimately depends on their wear properties. 
Ceramics have high hardness at room temperature, and such high hardness is maintained 
up to a high temperature. However, their toughness values are much lower than those of 
metals. The high hardness of ceramics does not work positively for high wear resistance 
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because their low toughness reduces wear resistance by easy introduction of 
microfracture at contact surfaces under sliding. Abrasive wear resistance, which is given 
by the reciprocal of material removal rate, is a combined effect of hardness and toughness.  
 It has been found that multilayers have higher wear resistance than single layer 
films. Zhou et al. [ 65 ] systematically studied the fretting wear properties and wear 
mechanisms of the polycrystalline TiN/CrN multilayers with different modulation 
periods deposited on WC/Co cemented substrate by reactive magnetron sputtering. The 
friction coefficient of the TiN/CrN multilayers against a bearing ball ranged from 0.15 to 
0.25, and that of CrN and TiN was 0.12 and 0.30, respectively. The wear volume of the 
multilayers indicated an inverse relation with the hardness and plastic deformation 
resistance. The fretting wearing mechanism involves deformation-adhesion, crack 
formation and penetration, detachment, and debris oxidation. The enhancement of 
hardness, elastic modulus, and the resistance to plastic deformation would have the 
advantage of preventing deformation and cracking induced by fretting. The CrN coatings, 
possessing lower hardness and higher ductility, suffer cycle plastic deformation, which 
induces a phase transformation decreasing ductility and resulting in the formation of 
debris. The TiN, used as hard coatings, generates microcracks at the very initial wear 
stage, penetrates into the surface, and joins two cracks under fretting load. As a result, the 
severe fretting wear is induced. Generally, the increasing strength of a material leads to a 
decrease in toughness. However, the present TiN/CrN multilayers showed the 
enhancement in hardness and improvement of ductility simultaneously. The improved 
ductility is considered to arise from energy dissipation of the interface in the multilayers. 
The bonding strength between the layers and third bodies are also used to explain the 
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relationship between detached particles from the bearing ball or coatings, and the wear 
mechanism of multilayers. Wear debris from the multilayers was very small, and the size 
of wear debris was decreased with a decrease in Λ. According to XRD point analysis, the 
smaller debris from the multilayers at small Λ was oxidized easily compared to the larger 
debris that formed in the multilayers with larger Λ. For the multilayers with the larger Λ, 
the decreasing of the flow stress and cohesive bonding of the TiN/CrN multilayers 
induced the emerging of larger debris and the detaching between the layers. The larger 
debris causes the increasing of the friction coefficient and the wear rate. 
 Composite low-friction coatings could be produced by combining a lubricating 
phase (graphite or diamond-like carbon (DLC)) and a hard wear-resistant phase, 
deposited in the form of either multilayers or homogeneous films. Graphite can provide 
low friction and high wear resistance to sliding surfaces. However, graphite is soft. 
Recent advances in PVD and CVD technologies have led to the development of a new 
generation of self-lubricating nanocomposite and multilayer coatings. Gilmore et al. [66] 
studied both the TiB2/C multilayers and homogeneous TiB2-C coatings for low-friction 
applications. In the case of the homogeneous coatings, the sputtered coatings consisted of 
DLC and a hexagonal TiB2-type structure into which carbon is incorporated. Overall C 
concentrations as high as 50at% were required to produce a friction-reducing effect. It 
was explained by the preferential incorporation of the carbon atoms into the TiB2 lattice, 
the lubricating DLC phase only starting to form once saturation was reached. In the case 
of the multilayers, it was found that there was an increase in the overall carbon content 
required to obtain a friction-reducing effect from about 10 to 50 at% as the TiB2 sublayer 
thickness was decreased from 100 to 1 nm, which was still much lower than that required 
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in homogeneous TiB2-C coatings. This was attributed to an increase in the relative 
proportion of carbon bonded with TiB2 in the interface regions.  
 Amorphous carbon or DLC films are successfully applied as wear-protective 
coatings because of their low friction coefficient and high chemical inertness. However, 
during the deposition of thicker carbon films in the micrometer range, the coatings start 
to delaminate in the interface between the films and their substrates. In addition, coatings 
deposited onto thin substrates can cause unacceptable bending effects. Both effects are 
caused by the very high internal compressive stress of the carbon film [67]. The stored 
elastic energy increases with the film thickness, thus favoring delamination for thicker 
films. Another drawback of a pure carbon film is its low fracture toughness. Multilayered 
nanocomposites offer the opportunity to combine desirable properties from their 
components alleviating the above limitations. By alternating the deposition of thin 
metallic layers and thin amorphous carbon layers, it is possible to reduce the internal 
stress, in this way to increase the stability of carbon films and thus enhance the wear 
resistance. Multilayer systems have some other advantages, such as good adherence and 
proper hardness-to-toughness ratio. For instance, crack deflection will occur in the 
interfaces of multilayer coatings, hindering further crack propagation due to the energy 
dissipation. This leads to toughening of the multilayer system. Thus, metal/amorphous 
carbon multilayers are of great interest because they can combine high hardness, high 
toughness, a low friction coefficient, and low wear rate, while at the same time, good 
adherence to the substrate. Ziegele et al. [67] found that the alternating hard and ductile 
layers in the Al-C and Ti-C multilayer systems allowed a remarkable relaxation of the 
internal stresses. However, in another investigation of the tribological properties of the 
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Al-C multilayered films by Ziegele et al. [68], it was found that increasing the Al layer 
thickness had a negative effect on the tribological behavior. Through the study of the 
tribological properties of the Al-C single and multilayered coatings, it was quite obvious 
that by increasing the Al content in a coating system, the wear rate of the coating would 
also increase. Not only the Al content in such single and multilayer systems but also the 
Al thickness influenced the wear properties. By increasing the Al layer thickness by three 
times from 5 to 15 nm (300 nm for the amorphous carbon layer), the wear rate was 
increased by over 400%. This was attributed to the low melting point of Al and the abrupt 
change in the elastic modulus at the interface between the amorphous carbon film and the 
metallic film. During the deposition of Al, aluminium droplets would also be deposited 
on the substrate. Increasing the Al layer thickness would lead to an increase in the surface 
roughness. Even when the Al coating was covered by the hydrogen-free amorphous 
carbon film, the Al droplets still had a negative effect on the tribological behavior of such 
coating compositions. The abrupt change in the elastic modulus at the interface between 
the amorphous carbon film and the metallic film resulted in a low adhesion that caused 
the high wear rate of the metallic/a-C multilayers. It was assumed that the hard carbon 
film was basically “floating” on the soft aluminium interlayer when the aluminium 
interlayer passed a certain thickness. By applying a normal load under oscillating sliding, 
the soft aluminium coating could not give sufficient support, and the hard carbon film 
would be removed. 
 Another interesting multilayer system for tribological applications is metal/metal 
carbide multilayers. Romero et al. [ 69 ] proposed a nanometric chromium/chromium 
carbide multilayer system as a protective coating due to the improved tribological and 
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mechanical properties as compared to monolithic coatings. Dahan et al. [9] studied the 
functionally graded TiC-Ti multilayers processed by sputter deposition on a WC-Co 
substrate, e.g., a cutting tool. A transition zone was formed of a multilayer stack of 
nanometric TiC and Ti layers. Scratch tests were carried out on the as-deposited and on 
the annealed coatings, showing that the critical load and the wear resistance depended on 
the concentration profile within the transition layer. Carbon or DLC/metal carbide 
multilayers seem promising for tribological applications since they can combine the hard 
metal carbide with the low friction carbon or DLC films, along with other advantages of 
multilayers. Delplancke-Ogletree et al. [70] systematically studied the wear behavior of 
the DLC/TiCx multilayers prepared by a filtered cathodic vacuum arc. It was found that 
the TiC films failed by progressive wear of the coating and propagation of cracks, while 
the DLC coatings wore very slowly and had a lower friction coefficient, then failed by 
massive delamination at the interface with the steel substrate. The DLC/TiC multilayers 
behaved better than a pure DLC film. The introduction of the TiC layers, and thus also 
the interfaces, partly relaxed the high residual stress developed in the DLC film, 
consequently improving the wear behavior of the system. The presence of the hard TiCx 
layers increased the load-supporting capacity of the film probably by providing toughness 
and compliance to the structure. The covalent hard materials provided the hardness and 
the wear resistance, as well as preventing the propagation of cracks that could originate in 
the TiCx layers.  
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CHAPTER 4 PROCESSING OF MULTILAYERS 
4.1 Processing Methods 
Multilayers may be produced by a range of techniques, which include PVD, 
CVD, and their derivatives. Sputtering is the most widely used technique in industry 
because it is more economical than thermal evaporation. Sputtering can be divided into 
four categories: (i) direct current (DC), (ii) radio frequency (RF), (iii) magnetron, and (iv) 
reactive. Two of these categories may form hybrids (e.g., reactive RF). The multilayers 
are typically prepared by multiple-target magnetron sputtering deposition, using either 
moving substrates or a movable shutter (fixed substrate) to produce nano-multilayers. 
The fixed-substrate approach has the disadvantage that the layer thicknesses are 
nonuniform when deposited over large-area substrates, but has the advantage that it is 
easier to heat and bias. PVD processes also have flexibility in controlling the thickness of 
each layer. [71] One target approach was also used to process multilayers such as Ti/TiN 
by using the same Ti target, but nitrogen was used as a reactive sputtering gas while 
processing TiN layers. Another precessing method is ion plating, which refers to 
evaporating deposition processes in which the substrate is exposed to a flux of high-
energy ions capable of causing appreciable sputtering before and during film formation.  
It is well known that CVD coatings are traditionally produced at much higher 
temperatures than those produced by PVD method. Therefore, the interfaces between the 
layers or the coating substrate interface in CVD multilayers are often not as sharp as 
those found in PVD multilayers, owing to the occurrence of diffusion at high 
temperatures. In this study, an electron beam physical vapor deposition (EBPVD) method 
was used to process the samples because EBPVD is a low temperature method by which 
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a sharp interface may be generated, and we are more interested in the relation between 
structure and properties. Thus, EBPVD can reduce the possible effects of thermal stress 
and diffusion on the properties. 
4.2 Experimental Conditions 
 A dual-gun EBPVD system (Edwards Auto 306 vacuum coater) was utilized to 
synthesize the thin films. The particular processing unit was designed for PVD processes 
under high vacuum with two electron beam guns. The major components were a pumping 
system and an electrical system incorporating with the controller. The pumping system 
consisted of a rotary mechanical pump and a cryopump.  
Three multilayer systems were processed for this work, namely Al/Al2O3, Ti/TiN 
and Cr/a-C. In the Al/Al2O3 and Ti/TiN systems, three groups of the multilayered thin 
films were synthesized by EBPVD. In the first group, the metallic and ceramic layers 
were of equal thickness, ranging from 100 nm to 5 nm; and in the second and third 
groups, the layer thickness of one component (metal and ceramic, respectively) was 
constant (40 nm), while that of the other varied from 40 nm to 5 nm. Pure Al, Al2O3, Ti, 
and TiN films were also processed and tested. In the Cr/a-C multiplayer system, two 
groups of multilayers were processed. In the first group, the Cr and a-C layers were of 
equal thickness, ranging from 40 nm to 20 nm; and in the second group, the layer 
thickness of a-C was constant at 40 nm while that of Cr was varied from 40 nm to 10 nm. 
Since the a-C layer was the lubricating component and had to be present in a significant 
volume fraction, the third option of decreasing a-C layer thickness was not considered. 
The total thickness of each film was about 1 µm. Therefore, depending on the thickness 
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of the individual layers, the multilayers were made up from a minimum of 5 layer pairs 
(e.g., in Al(100 nm)/Al2O3(100 nm)) to 100 pairs (e.g., in Ti(5 nm)/TiN(5 nm)). 
Al(99.99%) and Al2O3(99.9%) vapor source materials were placed separately in 
two graphite crucible liners. Si(100) wafers were used as the substrate materials. The 
substrate holder was actuated by a solenoid motor, and it was able to rotate 90o and stop 
at two positions above the source materials with a distance of 6 cm away from the 
crucibles. The vacuum system was pumped to a pressure of 4×10-6 Torr prior to 
deposition. During processing, the electron gun voltage and beam current were adjusted 
to 4.8 kV and 30 mA, respectively, for both Al and Al2O3; the vacuum level was 
maintained at 6.0 ~ 7.0×10-6 Torr for Al and 6.5 ~ 9.0×10-6 Torr for Al2O3. The 
deposition rate of Al and Al2O3 was about 0.86 and 15 nm/min, respectively. Two 
thickness monitors were used to control the layer thickness from the different evaporation 
sources. A similar procedure was used to synthesize the Ti/TiN and Cr/a-C multilayers. 
Details of deposition conditions are summarized in Table 4.1. The metallic layer (Al, Ti 
or Cr) was the first layer on the substrate, and ceramic layer (Al2O3, TiN or a-C) was the 
last layer for all multilayers. The thickness of the films was measured using a Tencor 
Alpha-Step 500 surface profiler. 
4.3 Deposition Rate Calibration 
Two thickness monitors were used to control the deposition rate and thickness of 
the films. The monitors were at a higher position than that of the substrate holder. Thus 
correlation coefficients (calibration) between the thickness on the monitor and that on the 
substrate for each material were obtained. An average of at least three layers with a 
different thickness for each material was processed to obtain the coefficient between the
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         Table 4.1 Processing parameters of the nanocomposite multilayered thin films. + 
Multilayers Al/Al2O3 Ti/TiN Cr/a-C 
















(mA) 30 30 35 35 15 95 
Pressure 




0.86 15 30 4 16 9 
+ The source-substrate distance was 6 cm and the beam voltage 4.80 kV. 
Table 4.2 Deposition rate calibration for Al and Al2O3 films. 
Sample No. Layer No. Material fh  (nm) mh  (nm) ψ  
1 Al2O3 53.5 2.504 21.4 
2 Al 23.4 5.433 4.3 Al2O3-Al-Al2O3-1 
3 Al2O3 44.3 2.129 20.8 
1 Al 35.8 8.001 4.47 
2 Al2O3 21.9 1.009 21.7 Al-Al2O3-Al-2 
3 Al 35 8.001 4.37 
Al–3 1 Al 18.56 4.007 4.63 
Table 4.3 Deposition rate calibration for Ti and TiN films. 
Sample No. Layer No. Material fh  (nm) mh  (nm) ψ  
1 TiN 91.04 20.01 4.55 
2 Ti 180.9 15.03 12.04 TiN-Ti-TiN-1 
3 TiN 53.1 10.00 5.31 
Ti-TiN-Ti-2 1 Ti 125.3 10.01 12.53 
1 Ti 82.68 7.06 11.71 
2 TiN 36.25 7.51 4.83 Ti-TiN-Ti-3 
3 Ti 49.68 4.02 12.36 
TiN Film 4 1 TiN 936.9 225.0 4.16 
Ti Film 5 1 Ti  1310 110.3 11.88 
1 TiN 19.5 4.31 4.53 
2 Ti 32.5 2.01 16.15 TiN-Ti-TiN-6 
3 TiN 24.4 6.00 4.06 
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thickness of the film and that on the monitor. 
Table 4.2 shows three Al2O3 and four Al layers with different thickness processed 
for calibrating the deposition rate of Al and Al2O3, which is expressed as a coefficient (ψ ) 






=ψ . The average coefficient (ψ ) between the measured thickness and the 
thickness shown on the monitor for Al2O3 and Al is 21.3 and 4.44, respectively. 
Table 4.3 shows the calibration process for the coefficient between measured 
thickness and that shown on the monitor for Ti and TiN. The ψ  for Ti and TiN is 12.1 
and 4.52, respectively. 
Similarly the ψ  for Cr and a-C is 4.39 and 12.89, respectively, as shown in Table 
4.4. 
4.4 Synthesis of Multilayers 
The total thickness of all multilayers was designed around 1 µm. Thus, depending 
on the designed layer thickness of each material ( fh ), the total number of layer pairs (N)  
Table 4.4 Deposition rate calibration for Cr and a-C films. 
Sample No. Layer No. Material fh  (nm) mh  (nm) ψ  
1 a-C 68.1 5.00 13.63 
2 Cr 36.64 8.01 4.58 C-Cr-C-1 
3 a-C 40.78 3.51 11.62 
1 Cr 21.85 5.02 4.36 
2 a-C 34.07 2.65 12.85 C-Cr-C-2 
3 Cr 12.18 3.01 4.04 
C-Cr-C-3 1 a-C 24.35 2.00 12.18 
1 Cr 91.58 20.00 4.58 C-Cr-C-4 2 a-C 212.58 15.02 14.15 
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and the consisting layer thickness of each material shown on the monitors ( mh ) for the 
Al/Al2O3 multilayers were designed as shown in Table 4.5. 
A similar method was used to design the Ti/TiN and Cr/a-C multilayer systems. 
Table 4.5 Deposition designs of the Al/Al2O3 multilayers. 
fh  (nm) mh  (nm) Al/Al2O3 
Al  Al2O3 
N 
Al  Al2O3
100 100 5 22.5 4.69 
50 50 10 11.3 2.35 
40 40 13 9.0 1.88 
30 30 17 6.7 1.41 
Group I 
20 20 25 4.5 0.94 
40 30 15 9.0 1.41 
40 20 17 9.0 0.94 Group II 
40 10 20 9.0 0.47 
30 40 15 6.7 1.88 
20 40 17 4.5 1.88 Group III 
10 40 20 2.3 1.88 
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CHAPTER 5 CHARACTERIZATION OF MULTILAYERS 
5.1 TEM Analysis 
The microstructure of multilayered thin films was examined by TEM. Specimens 
for TEM were prepared with a special process to an ultrathin thickness that allows 
electrons to transmit through the sample. Both cross-sectional and plan-view TEM 
samples were prepared by mechanical thinning, polishing, and dimple grinding, followed 
by Ar+ ion milling with 4.2 keV beam energy and 18 µA gun current with an incident 
beam angle of 6o using a Gatan precision ion polishing system. All TEM images of the 
films were obtained using a JEOL 2010 electron microscope operated at 200 kV with a 
point-to-point resolution of 0.23 nm.  
5.2 Microhardness Testing 
Diamond is the most frequently used indenter material, because it has a high 
hardness and elastic modulus that minimize the deformation contribution of the indenter 
itself to the measured results. Hardness is a measure of a material’s resistance to localized 
plastic deformation by surface indentation or by abrasion [72]. The Knoop indenter is a 
pyramidal diamond with an asymmetric point. One set of faces of the Knoop indenter has 
an angle of 172°30' and the other of 130°. The Knoop hardness number of the material is 
then computed from: 
2/14230 lPHK =      (5.1) 
where P is the load in g and l is the length of the long diagonal in mm. 
A Future-Tech microhardness tester was used for the Knoop microhardness tests 
on all films at a load of 10 g, producing an indentation depth around 500 nm. Thus, there 
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were different levels of substrate effect on the microhardness values depending on the 
hardness of the film and the penetration depth. 
5.3 Nanoindentation Investigation 
Nanoindentation has been recently rekindled because of a need for techniques to 
study the mechanical properties of thin films. For probing properties such as hardness and 
elastic modulus at the smallest possible scales, the Berkovich triangular pyramidal 
indenter is preferred over the four-sided Knoop or Vickers indenter. Because the 
conventional Knoop and Vickers microhardness tests require direct imaging of the 
indentations to obtain hardness, large errors may be introduced due to the measurement 
of the diagonal lengths, especially when the indentations are small, and also because a 
three-sided pyramid is more easily ground to a sharp point [73]. The nanoindenter is a 
depth-sensing equipment and offers the ability to obtain other material information such 
as elastic and time-dependent plastic properties. Nanoindentation is similar to 
conventional hardness testing but performed on a much smaller scale. The depth 
resolution is on the scale of nanometers (hence the name of the instrument). Thus, it is 
possible to conduct indentation experiments on thin films [14,74]. 
The triangular Berkovich-type diamond pyramid nanoindenter has an angle of 
65.3° between the tip axis and the faces of the triangular pyramid, and with the same ratio 
of area (A) to the square of depth (h) as that of the traditional Vickers pyramid. 
Nanohardness (NH) is defined as the indentation load divided by the projected contact 
area, and it can be obtained using the relationship NH=Pmax/A, where Pmax is the 
maximum load applied during the indentation, and A is the contact area between the 
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indenter and specimen, projected into the plane of the surface. The area function of the 
diamond tip was given as [75] 
A(h) = 24.56 h2 + 225.9 h1.5 + 519.61 h   (5.2) 
where h is the contact depth determined by the method of Oliver and Pharr [76], and h 
=hmax− hs, where hmax is the total measured displacement and hs is the elastic surface 
displacement. The true hardness is slightly greater than the measured hardness because 
the elastic contributions to the displacement have been ignored. 
Figure 5.1 A typical loading-unloading curve obtained by nanoindentation. 
A typical loading-unloading curve by nanoindentation on the Ti(10 nm)/TiN(10 
nm) multilayered film at a maximum load of 2 mN is shown in Figure 5.1. From the load-
displacement curve, the initial loading segment contains an elastic-plastic displacement, 
while the unloading process releases the elastic energy. Thus, the indentation modulus of 
the indented material can be determined from the slope of the unloading curve. To obtain 
the overall or total compliance of the testing system (C), the machine compliance (Cm), 
must be added to the contact compliance (Cc), then 
























== , in which dh/dP is the reciprocal of the unloading slope. Cc 
depends on the contact area (A) at the indentation point and the elastic properties (Er) of 











=     (5.4) 
where E and v are isotropic Young’s modulus and Poisson’s ratio, respectively. For 
diamond indenter, Ei =1141 GPa and vi =0.07 [76].  
A Hysitron Triboscope TM nanoindenter was used to measure the hardness and 
reduced elastic modulus of the thin films at a load of 2 mN. At least seven indentations 
were taken for each film. The standard deviation was around 3% ~ 10%. All of the 
contact depths were around 100 nm, which was about 10% of the total thickness of the 
multilayers. Thus, substrate effects for the nanohardness measurements were negligible. 
Pure Si(100) wafers were also tested for comparison with HN = 14.5 GPa and Er = 144 
GPa. 
5.4 Thin Film Residual Stress Measurements 
The residual stresses of the multilayers were studied by measuring the curvature 
of the films by using a Tencor Alpha-Step 500 surface profiler. The Tencor profiler is a 
metrology tool that generates a two-dimensional profile of the surface of a sample. This 
is done by a stylus, which touches the surface of a sample and runs across a prescribed 
length. The stress was calculated using Equation (3.36).  
5.5 Fracture Toughness Testing 
The Vickers indentation method techniques, long used as a basic for routine 
hardness tests, are also used in the study of the fracture toughness of bulk materials and 
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thin films [73,77-79]. The particular attraction of the point-indentation method lies in its 
simplicity as a nondestructive means for producing regions of high stress intensity in a 
specimen [80]. In principle, the indentation method requires measurement of the length of 
the radial (so-called Palmqvist) cracks formed at the end of the diagonals by the Vickers 
indentation at loads that exceed the critical load (Pc), below which cracks would not 
form. The critical load Pc for current films were between 50~200 g. The fracture 
toughness was calculated using Equation (3.42). 
5.6 Tribological Experiments 
Typical tribological sliding testing geometries are shown in Figure 5.2 [81]. The 
friction coefficient and wear properties can be measured in sliding tests, usually by fixing 
one body and sliding another one on it. Among these geometries, pin-on-disk (or ball-on-
disk) or thrust washers test (or ring-on-disk test) (Figure 5.2(a)) is often used for coating 
materials evaluation. 
The friction coefficient (µ) can be calculated from the ratio of friction force (F) to 
the applied normal load (N) as below: 
N
F
=µ      (5.5) 
The value of the friction coefficient µ is determined by the sum of the individual 
contributions of the principal friction components of adhesion ( aµ ), ploughing ( pµ ), 
and deformation ( dµ ), which can be expressed as 
ddppaa fff µµµµ ++=     (5.6) 
where coefficients dpaf ,,  indicate the relative contribution of each mechanism. The 



































Figure 5.2 Typical sliding testing geometries [81]. 
mechanisms taking place [81]. 
 The wear rate can also be used to evaluate the wear performance of a thin film, 
which is given in the following relation 
PS
VW ∆=      (5.7) 
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where W is the wear rate, ∆V is the volume loss, P is the load, and S is the sliding 
distance. 
Tribological tests for all films were conducted by using a pin-on-disc tribometer 
with a 440 stainless steel ball (9.5 mm in diameter) loaded at 1 N at a sliding velocity of 
0.13 m/s. The sliding distance was 100 m, and the wear track diameter of 6 mm. The tests 
were conducted in laboratory air with 46±7% relative humidity. The friction coefficient 
was monitored continuously during the experiments with the aid of a linear variable-
displacement transducer and recorded on a dedicated, data acquisition computer attached 
to the tribometer. Wear rates were calculated by conducting profilometry measurements 
at the wear track region. At least four profiles were taken for each wear track to 
determine the volume worn during testing.  
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CHAPTER 6 RESULTS AND DISCUSSION 
6.1 Microstructure of Multilayered Films 
Figure 6.1 (a) is a cross-sectional TEM micrograph showing the morphology of 
pure Al film. The inset in Figure 6.1(a) is its selected area electron diffraction (SAED) 
pattern. The thickness of the deposited Al film is around 1 µm with a nanocrystalline 
structure. The d-spacing of the first four rings of the SAED pattern is 2.353, 2.008, 1.434, 
and 1.205 Å, corresponding to the (111), (200), (220) and (311) reflections of fcc-Al, 
respectively, with a lattice constant a = 4.014 Å. It is evident from the ring shape of the 
SAED pattern that the Al film is composed of nano-grains with high-angle grain 
boundaries. Figure 6.1(b) is the HRTEM of the same film showing that the grain size of 
the pure Al film is around 20 ~ 40 nm. 
Figure 6.2(a) is a cross-sectional TEM micrograph showing the morphology of 
the Al(30 nm)/Al2O3(30 nm) multilayered film. The inset is the SAED pattern from an 
area covering both component layers. The micrograph contrast shows dark bands (layers) 








Figure 6.1 (a) Cross-sectional TEM of pure Al film and its SAED pattern (inset). (b) 
HRTEM showing grain structure in (a). 



















Figure 6.2 (a) Cross-sectional TEM micrograph of an Al(30 nm)/Al2O3(30 nm) 
multilayered film. The inset is the SAED pattern of an area covering both Al 





the Al phase. The multilayer has 17 period layers of such metal and ceramic layer pairs. 
The SAED pattern can overlap with that from pure Al film, showing that the Al layers 
have the same crystalline structure as that in pure Al film. However, the more continuous 
rings of the SAED pattern in Figure 6.2(a) show that the Al layers in the multilayers have 
finer grains than those when deposited as a thick film. Figure 6.2(b) is the HRTEM image 
of the Al/Al2O3 layers from the same film. Observations show that the interface between 
the Al and Al2O3 layers is continuous without any major defects. Also, each Al layer is 
composed of Al nanograins around 5-6 nm in size.  
Figure 6.3(a) is a cross-sectional TEM micrograph showing the morphology of 
pure Ti film and its SAED pattern from a single grain (left) and that from an area 
covering many grains (right). The deposited thick Ti film has a columnar structure, and 
the grain boundaries can be clearly seen from the image. The d-spacing of the first three 
rings of the SAED pattern (right) is 2.533, 2.221, and 1.715 Å, corresponding to the 
0)1(10 , 1)1(10 , and 2)1(10  reflections of hcp-Ti, respectively, with lattice parameters a = 
2.925 Å and c = 4.621 Å. Figure 6.3(b) shows the plan-view image of pure TiN film 
deposited on a Lacey carbon-coated copper grid and its SAED pattern. The d-spacing of 
the first three rings of the SAED pattern is 2.510, 2.167, and 1.537 Å, corresponding to 
the (111), (200), and (220) reflections of fcc-TiN, respectively, with a lattice parameter a 
= 4.345 Å. Figure 6.3(c) is a cross-sectional TEM micrograph showing the morphology 
of the Ti(30 nm)/TiN(30 nm) multilayered film. The micrograph contrast shows bright 
and dark bands (layers) that correspond to TiN and Ti layers, respectively. The inset is 
the SAED pattern from both component layers indicating the presence of texture in the 
grain structure of the layers. Comparing the diffraction patterns in Figures 6.3(a), (b), and 
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(c) and considering the HRTEM in Figure 6.3(d), we can conclude that most of the 
texture is due to fine columns in the TiN layer. Figure 6.3(a) shows that the Ti layer 
grows in coarse columns when deposited as a thick film (~1 µm). However, in the initial 
growth stages (film thickness <100 nm), the film consists of more equiaxed grains as 
evidenced in Figure 6.3(d), and then preferential growth occurs resulting in a columnar 
structure. Close observation of the HRTEM image in Figure 6.3(d) shows that the Ti 
layer consists of rather equiaxed 6-10 nm grains in size. Also, the TiN layers are 
composed of fine columns aligned along the growth direction. Furthermore, the HRTEM 
micrograph shows that interface between metal and ceramic phases is sharp, and the 
layers are uniform and have the same thickness. 
Figure 6.4(a) is a cross-sectional TEM micrograph showing the morphology of 
the Cr(20 nm)/a-C(20 nm) multilayered film along with the SAED pattern from an area 
covering both component layers. The micrograph contrast shows the bright and dark 
bands corresponding to a-C and Cr layers, respectively. The Cr layers have a columnar 
structure, and the a-C layers are amorphous. The SAED pattern indicates the presence of 
the grain structure of the Cr layers. The d-spacing of the first four rings of the SAED 
pattern is 2.121, 1.491, 1.229, and 1.06 Å, corresponding to the (110), (200), (211), and 
(220) reflections of bcc-Cr, respectively, with a lattice parameter a = 2.998 Å. Figure 
6.4(b) is the HRTEM image of the Cr/a-C layers from the same film. Close observation 
shows that the Cr layers are composed of fine columns aligned along the growth direction. 
The height of the grains is equal to the layer thickness while their in-plane width is about 
10-15 nm. Furthermore, the HRTEM micrograph shows that the interface between Cr and 





















Figure 6.3 (a) Cross-sectional TEM micrograph of a Ti film and its SAED pattern (inset), 
(b) plan-view TEM of a TiN film and its SAED pattern, (c) cross-sectional 
TEM of a Ti(30 nm)/TiN(30 nm) multilayered film and the SAED pattern of 
an area covering both the Ti and TiN layers, and (d) HRTEM of the layers 





























Figure 6.4 (a) Cross-sectional TEM micrograph of a Cr(20 nm)/a-C(20 nm) multilayered 
film. The inset is the SAED pattern of an area covering both Cr and a-C 
layers. (b) HRTEM of layers shown in (a). 
It is worthy to note that a thick pure Al film consists of more equiaxed grains, 
however, thick pure Ti, TiN, and Cr films tend to grow coarse column structures. This 
may be due to the low melting point of Al(660oC). The Ti, TiN, and Cr have much higher 






and graphite is 2050 and 3826oC, respectively, which are often used as refractory 
materials such as furnace and crucibles. 
Thus, TEM studies show that the Al and Ti layers are polycrystalline with fcc and 
hcp structures, respectively, and the Cr layers have a columnar bcc structure, presenting 
three main metal structures. The TiN layers have a columnar fcc structure, and the Al2O3 
and C layers are amorphous. 
6.2 Microhardness and Nanoindentation Behavior 
6.2.1 Mechanical Properties of the Al/Al2O3 Multilayers 
The microhardness and nanoindentation testing results for the Al/Al2O3 multilayer 
system are summarized in Table 6.1. The predictions for the elastic modulus and 
hardness by the ROM are also given in the Table. The results show that the predictions 
by the ROM are in relatively good agreement for the elastic modulus, but they 
underestimate all the hardness values of the multilayers except that of the Al(100 
nm)/Al2O3(100 nm) multilayered film. The highest hardness obtained in the first group is 
27.5% greater than that given by the ROM for the Al/Al2O3 multilayers. 
Regarding the hardness, it should be noted that all microhardness values (HK) are 
higher than those obtained by nanoindentation (HN). This is attributed to the sharper 
nanoindenter tip compared to the Knoop tip used for microhardness testing. A sharper tip 
is expected to result in a larger contact area reducing the hardness value. Thus, 
nanoindentation is a more suitable method to address scale effects at the nanoscopic level. 
The effect of the modulation period on the hardness of the Al/Al2O3 multilayers is shown 
in Figure 6.5. For Group I Al/Al2O3 multilayers, Er shows a relative constant because of 
the same volume fraction of metal and ceramic phases (Figure 6.5(a)). The hardness 
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increases up to a modulation period (Λ=λm + λc) of 80 nm followed by a plateau. 
According to Koehler’s strengthening model [10] and Kelly’s prediction [34] in Equation 
(3.10), and using 4.25=Alµ  GPa, 0.15532 =OAlµ  GPa 
[82], and Alb =0.284 nm which is 
calculated by using the relation Alab 2
2
=  for fcc-Al with a {111}<100> slip system (the 
lattice parameter, Ala  is obtained from the SAED pattern), the theoretical critical Al layer 
thickness is 39.74 nm. Thus, for an Al layer thickness λAl < 40 nm, the hardness is not 
expected to increase any more since the Frank-Read dislocation source could not operate. 
The present results are in good agreement with Koehler’s theoretical predictions that are 
based on interface strengthening.  
 
Table 6.1 Nanoindentation and microhardness results for the Al/Al2O3 films  















100/100 115.2 117.2 5.5 6.5 9.49 
50/50 115.0 117.2 7.67 6.5 10.39 
40/40 120.2 117.2 8.29 6.5 10.38 
30/30 116 117.2 7.98 6.5 10.24 
Group I 
20/20 114.4 117.2 7.99 6.5 10.50 
40/30 108.0 114.5 6.31 6.19 failed 
40/20 106.6 110.8 6.77 5.65 7.56 Group II 
40/10 91.6 106 5.90 4.91 7.25 
30/40 122.8 120 7.79 7.11 11.0 
20/40 127.9 124.4 8.47 7.50 10.83 Group III 
10/40 127.4 131 8.32 8.23 11.87 
Al Film 783.6 99.9 - 3.81 - 5.89 
Al2O3 Film 786 141.6 - 9.34 - 12.44 
λm and λc metallic and ceramic layer thickness, respectively; E(ROM) and 
H(ROM) the elastic modulus and hardness as predicted by the rule of mixtures 





































Figure 6.5 Knoop (HK) and Nano (HN) hardness and reduced elastic modulus (Er) of the 
Al/Al2O3 multilayers as a function of (a) modulation period while 32OAlAl λλ = , 
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Figure 6.5(b) presents the results for the Al/Al2O3 multilayers of Group II with 
constant Alλ = 40 nm. Both the hardness and Er show a slight decrease as 32OAlλ  
decreases. This behavior can be attributed to the decrease of the volume fraction of the 
ceramic phase, fc, by decreasing its layer thickness. 
In the case where the Al2O3 layer thickness is constant λc = 40 nm (Group III, 
Figure 6.5(c)), the hardness remains stable, consistent with the plateau as shown in Figure 
6.5(a). In Group III, the thickness of the Al layers is below the critical layer thickness of 
40 nm, and further strengthening is not realized. These results also show that the 
strengthening of the Al/Al2O3 multilayers is primarily controlled by the Al layer 
thickness. Thus, interface strengthening seems to be far more important than in-plane 
grain boundary strengthening.  
6.2.2 Mechanical Properties of the Ti/TiN Multilayers 
Nanoindentation and microhardness testing results for the Ti/TiN multilayers are 
summarized in Table 6.2. Regarding the elastic modulus, the results show that the 
predictions by the ROM for the Ti/TiN multilayers are different from that for the 
Al/Al2O3 multilayers by underestimating all the values significantly. The elastic modulus 
values used in the ROM were obtained from nanoindentation in thick films. Due to their 
high melting point, the monolithic Ti and TiN films develop a coarse columnar structure, 
Figures 6.3(a) and (d), when deposited at low temperatures. Such microstructure is 
expected to produce a lower elastic modulus due to certain the intercolumnar spacing. On 
the other hand, nanolayers were found to be composed of rather equiaxed (Ti) or fine 
columns (TiN), Figure 6.3(d), since these microstructures developed in the initial growth 
stages of film processing as discussed previously. The latter microstructures are dense 
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and expected to have a higher modulus. Furthermore, Al has a lower melting point and 
develops an equiaxed grain structure both in a thick pure Al film and in the Al/Al2O3 
multilayers. Also, alumina is amorphous, and thus significant differences are not 
expected in modulus between thin and thick films involving these two components. For 
the same reason, the hardness given by the ROM is significantly lower than that given by 
nanoindentation test for the Ti/TiN multilayers. The maximum hardness in Group I is 
105% higher than that estimated by the ROM. 
Table 6.2 Nanoindentation and microhardness results for the Ti/TiN films and  
 predictions by ROM. 











100/100 136.2 110.20 9.4 7.26 10.11 
40/40 138.2 110.20 9.86 7.26 13.09 
30/30 133.2 110.20 10.40 7.26 13.58 
20/20 142.7 110.20 11.35 7.26 15.56 
10/10 142.5 110.20 12.07 7.26 18.99 
Group I 
5/5 151 110.20 14.9 7.26 25 
40/30 134.0 106.15 10.47 7.16 16.13 
40/20 129.7 101.00 10.40 5.95 17.50 Group II 
40/10 123.6 94.65 10.20 4.91 15.79 
30/40 139.8 114.63 12.46 7.80 16.65 
20/40 166.5 121.33 15.58 8.57 20.40 
10/40 153.1 131.94 16.42 9.62 23.84 Group III 
5/40 164.9 140.00 12.9 10.33 15.2 
Ti Film 1310 86.5 - 3.34 - 6.43 
TiN Film 937 151.9 - 11.19 - 14.71 
 
The effect of Λ on the hardness and Er of Group I Ti/TiN multilayers is shown in 
Figure 6.6(a). It is interesting to note that the hardness exhibits a continuous increase 
down to a modulation period of Λ=10 nm (λm=λc=5 nm), the smallest Λ tested. 
Furthermore, at Λ below 40 nm, the hardness of the multilayers exceeds that of the 



































Figure 6.6 Knoop (HK) and Nano (HN) hardness and reduced elastic modulus (Er) of the 
Ti/TiN multilayers as a function of (a) modulation period while λTi=λTiN, (b) 
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of 23 GPa, 29 GPa, and 11.2 GPa for Λ=50 nm [12], 20 nm [13], and 10 nm [11], 
respectively. However, in these studies, hardness was found to decrease by further 
decreasing Λ. The present results are in excellent agreement with a recent study by Ben 
Daia et al. [14]. They observed a continuous increase in hardness down to Λ=2.5 nm, the 
smallest Λ tested. The maximum hardness obtained was 25.2 GPa, compared to 15 GPa 
in the present study at a Λ of 10 nm. For Λ=10 nm, Ben Daia et al. observed a hardness 
of 13 GPa, which was comparable to the value in this work. Furthermore, both results 
from Ben Daia et al. and the current study show a potential of further increases in 
hardness by decreasing Λ. Additional experiments are required with lower Λ values to 
determine the critical thickness for this type of multilayers. 
The hardness in Group II Ti/TiN multilayers (Figure 6.6(b)), does not vary 
significantly by reducing λTiN. In this group, λm is a constant, suggesting that as in the 
Al/Al2O3 multilayer system, the main strengthening mechanism also arises from the 
metal layers.  
For Group III Ti/TiN multilayers (Figure 6.6(c)) at constant λTiN = 40 nm, a 
general downtrend in Er is observed with decreasing fc (increasing λTi), which is also 
shown in Figure 6.6(b). Both microhardness and nanohardness increase with decreasing 
λTi (down to about λTi = 20 nm) that is consistent with the premise that hardness is mainly 
controlled by the metal layer thickness. 
6.2.3 Mechanical Properties of the Cr/a-C Multilayers 
Nanoindentation and microhardness testing results for the Cr/a-C multilayers are 
summarized in Table 6.3. The ROM was also found to underestimate elastic modulus and 
hardness in the Cr/a-C multilayers. A peculiar difference for this system, compared to the 
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previous multilayer systems, was that the metallic component was characterized by a 
significantly higher reduced elastic modulus (Er) (144 GPa) than that of the non-metallic 
(graphite) component (60 GPa). 
Table 6.3 Nanoindentation and microhardness results for the Cr/a-C films and  
 predictions by ROM. 











40/40 89.9 84.7 9.62 7.0 13.98 
30/30 99.5 84.7 9.96 7.0 15.45 Group I 
20/20 89.4 84.7 11.4 7.0 16.23 
30/40 114.1 80.0 11.6 7.3 17.79 
20/40 82.4 74.5 9.82 7.7 16.27 Group II 
10/40 71.5 67.9 8.6 8.2 13.63 
Cr film 900 144 - 5.0 - 12.2 
a-C film 307 60 - 9.0 - 14.7 
 
 The layer thickness effects on the hardness and Er for the Cr/a-C multilayers are 
shown in Figure 6.7. The variation in the elastic modulus is not significant and seems to 
be within experimental error and close to the value expected from the rule of mixtures. 
The results reveal an increase in hardness with decreasing the modulation period Λ (Λ= 
λCr+λa-C). The maximum nanohardness achieved is 11.4 GPa at the smallest Λ (40 nm) 
tested.  
Srolovitz et al. [60] discussed both mechanisms of the interface strengthening and 
the grain boundary strengthening in multilayers. The increase in the yield stress because 


















φσ    (6.1) 
where |b| is the magnitude of the Burger’s vector, β is a constant of order unity, v is 












































Figure 6.7 Knoop (HK) and Nano (HN) hardness and reduced elastic modulus (Er) of the 
Cr/a-C multilayers as a function of (a) modulation period while λCr= λa-C, and 
(b) Cr layer thickness at λa-C = 40 nm. 
and φ  and θ  are geometrical parameters associated with the orientation of the slip plane 
and the Burger’s vector relative to the layer normal. In a polycrystalline multilayer, the 
yield strength will be augmented by the presence of grain boundaries that act as barriers 
to dislocation motion and the resultant dislocation pileups. This is the well-known Hall-
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2/1/ dK HPHP =∆σ       (6.2) 
where d is the grain size, and HPK  is the Hall-Petch coefficient. Srolovitz et al. 
[60] noted 
that d scaled linearly with h, and the proportionality constant (a) was equal to h/d. Misra 
et al. [33] studied sputter-deposited Cu/Cr multilayers and found dCr increased with 
increasing the thickness of the Cr layer (h) according to d = 2.5h0.36. In the present range 
of study (20-40 nm), the Cr grains were found to extend up to the entire metal layer 
thickness, Figure 6.4(b), while their in-plane width was about 10-15 nm. Thus, the larger 
Cr grain dimension is equal to the layer thickness and a linear relationship can be 
assumed. Therefore, the increment of the yield strength by the Hall-Petch strengthening 
as a function of layer thickness can be expressed as 2/1)/( haK HPHP =∆σ . Thus, the total 








HPintot +=∆+∆=∆ σσσ     (6.3) 
In the current Cr/a-C multilayer system, the a-C layer is amorphous and has a much 
lower shear modulus than the Cr layer. Thus, strengthening arising from the in-plane 
grain boundaries in the Cr layers is expected to be more significant in this system than 
interface strengthening. 
The results for Group II Cr/a-C multilayers are shown in Figure 6.7(b). The 
elastic modulus shows a general down trend with decreasing λCr that is consistent with 
the reduction of the Cr volume fraction. The results also show a maximum value for 
hardness at λCr = 30 nm followed by a decline. It is interesting to note that the same 
hardness level (11.6 GPa) is also exhibited by the Cr(20 nm)/a-C(20 nm) multilayered 
film (11.4 GPa). A similar behavior is also observed in the Ti/TiN multilayer system. 
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When the ceramic layer (λc) is thicker than that of the metal layer (λm), the maximum 
hardness is obtained at a thicker metal layer compared to that in multilayers with λc = λm. 
It was speculated that a thicker ceramic layer provides a larger barrier for dislocation 
motion across the interface. In this case, the rate of hardness increase is higher compared 
to films with λc = λm. However, as the λm decreases while λc remains constant, the ability 
of the thin metal layer to keep providing strengthening is gradually reduced and hardness 
decreases. 
6.2.4 Relationship between Nanohardness and the Metallic Layer Thickness 
Figure 6.8 presents the variation of nanohardness (H) as a function of λm-1/2 for all 
present data and data from the literature [83] of the Al/Al2O3 multilayers. The present 
study of the Al/Al2O3 system is complementary to a previous study by Ding et al. [83] and 
provides new data in the nano regime. For the Al/Al2O3 multilayers, the stage exhibiting 
the hardness increase can be described by a Hall-Petch expression with Ho = 1490.6 MPa 
and k = 1.3 MPa.m1/2. It is interesting that this response can be extrapolated down to bulk 
pure Al (no or weak interface strengthening) and it holds up to the critical thickness of λAl 
= 40 nm. Below this level, hardness exhibits a plateau and is independent of metal layer 
thickness as has been observed for other multilayered systems [84-86]. It is important to 
note that below this critical level, hardness does not increase even though the fc increases. 
An effect of fc seems to be present only for metal layer thicknesses at or close to the 
critical thickness. For example, compare the hardness values at λAl = 40 nm for various fc 
(Group II). Furthermore, the Al(70 nm)/Al2O3(10 nm) multilayered film exhibits a 
somewhat lower hardness than that of Al(100 nm)/Al2O3(100 nm). Since the former 
value is close to the critical thickness, its low fc (12.5%) has an adverse effect compared 
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to the fc of the latter film (50%). On the other hand, the Al(200 nm)/Al2O3(20 nm) 
multilayered film has lower fc (10%) but follows the hardness trend since it is further 











Figure 6.8 Hall-Petch relation describing the hardness behavior of the Al/Al2O3 
multilayers. [Thickness values are given in nm; the first and second number is 
the metal and ceramic layer thickness, respectively.] 
The hardness response of the Ti/TiN multilayers as a function of λm-1/2 is shown in 
Figure 6.9. The hardness values in Group I Ti/TiN multilayer system show a continuous 
increase down to the lowest modulation period tested (Λ= 10 nm). This behavior can be 
described by a Hall-Petch relationship with Ho=6354.2 MPa and k =0.6 MPa.m1/2. 
However, contrary to the Al/Al2O3 multilayer system, this linear response does not pass 
through the hardness value of pure Ti film. This can be attributed to two reasons. First, 
pure Ti films were found to have a coarse columnar structure with presumably lower 
hardness than that expected for rather equiaxed Ti grains present in the nanoscale layers. 
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expected to be stronger than that in the Al/Al2O3 multilayer system. Thus, the presence of 
TiN is expected to result in a higher hardness due to strong interface contributions that 
are absent in the pure Ti film. 
It is interesting to note that in Group III Ti/TiN multilayers, where λc is constant at 
40 nm, the hardness response also shows a linear increase by decreasing λTi down to 
about 20 nm. However, the rate of increase is higher compared to that of the first group. 
This can be attributed to the thicker TiN layer present in Group III Ti/TiN multilayers 
that can form a stronger interface barrier. Such a barrier layer is expected to be more 
effective in inhibiting dislocation motion in the Ti layer. Thus, a higher rate of hardness 
increase is observed compared to that in Group I. It should also be noted that in both 
groups, the hardness values higher than that of pure TiN film were obtained. This is a 
clear indication of length scale effects in this system, and similar effects have been 
reported previously in the literature for other systems such as Hf/HfN and W/WN [47].  
It should be noted, however, that in the latter group of the Ti/TiN multilayers the 
hardness no longer increases below λTi = 20 nm that is similar to the behavior observed 
for the Al/Al2O3 system and other metal/ceramic systems in the literature. Hardness 
measurements in metallic multilayer systems also indicate that a critical bi-layer period 
exists below which the resistance to plasticity reaches a plateau or even decreases [83-85]. 
Careful examination of the plateau in Group III and extrapolating the trend of the 
hardness increase in Group I, indicate an upper limit in the hardness of this system at 
about λTi ≈ 3 nm. The results indicate an upper limit for the hardness for this system that 
can be obtained under different combinations of metal and ceramic layer thicknesses. 
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This phenomenon was observed earlier in the Al/Al2O3 multilayers but at larger 
λm (λAl = 40 nm). The difference in the critical λm between the two multilayer systems 
may be attributed to their different characteristics. For example, Ti has a stacking fault 
energy (SFE) of 30 mJ/m2 [87] which is significantly lower than that of Al, ~250 mJ/m2 
[88]. Under one view, at a length scale of a few to a few tens of nanometers, the plastic 
deformation mechanism is believed to involve discrete dislocation pile-ups or single 
dislocation motion, forming individual loops rather than continuum-scale pile-ups [49]. 
Under these conditions, the peak strength of nanoscale multilayers is theoretically 
predicted to relate to the stress needed to transmit a discrete pile-up or a single 
dislocation across the interface [ 89 , 90 ]. Apparently, pile up formation and dislocation 
motion across the interface is affected by the higher SFE of Al. Also, weak interface 
strength may exist in the Al/Al2O3 multilayer system. The Al2O3 layers are amorphous 
and there is no lattice misfit strengthening at the interface between Al and Al2O3. In 
addition, Al does not wet Al2O3 and the interface strength is expected to be weak. Such 
an interface is expected to form a low-strength barrier for dislocation motion across the 
interface. 
In an alternative view, the yield behavior of multilayers is dependent on the 
stress-strain behavior of the constituents and is related to the stress needed to eliminate 
the compressive bi-axial stress in the alternating layers [91,92]. The components of the 
multilayers yield by confined layer slip (CLS), where the sources of dislocation loops 
[17,93,94] deposit misfit dislocations at the interfaces. The stress state in the multilayers is 
expected to be affected significantly by the absence of lattice misfit strain at the interface 
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due to the amorphous nature of the Al2O3 layers. Thus, yielding in the Al/Al2O3 












Figure 6.9 Hall-Petch relation describing the hardness behavior of the Ti/TiN multilayers. 
Figure 6.10 presents the hardness variation as a function of the reciprocal of the square 
root of the Cr layer thickness (λm-1/2) of present data and data from the literature for 
Cr/DLC multilayers with λDLC = 200 nm [95].As discussed earlier, the behavior of Group 
II Cr/a-C multilayers shows an initial higher hardening rate followed by a decline. 
However, the highest hardness achieved by both multilayered groups is the same. It is 
also interesting to note that the hardness of the pure Cr film lies on the above Hall-Petch 
response of Group I multilayers. This is consistent with the previous discussion that the 
hardening mechanism in this multilayer system is dominated by the in-plane metal layer 
strengthening. A couple of additional observations can be made by comparing the present 
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hardness response yet with almost the same slope as the present multilayers. This 
indicates that the behavior of both systems is dominated by the Cr layer thickness and 
simply the hardness of the Cr/DLC system is higher (by about 6 GPa) due to higher 
hardness of DLC (16 GPa) compared to that of a-C (9 GPa). 
Figure 6.11 summarizes the hardness behavior of all three multilayered systems. 
It is evident that the Al/Al2O3 multilayer system exhibits the lowest friction stress and has 
the ability to strengthen faster than the other two systems (higher slope in the Hall-Petch 
relationship). More than likely, this is due to the fact that the Al layers have an fcc 
structure with more slip systems available than the hcp-Ti and bcc-Cr layers. On the other 
hand, the fact that the Ti/TiN multilayer system exhibits a low critical layer thickness 
allows it to attain higher final hardness values even beyond that of the monolithic ceramic 
component. On the contrary, the large critical layer thickness of the Al/Al2O3 multilayer 
system limits its strengthening potential. The Cr/a-C multilayers show a higher hardness 
values than that of the Al/Al2O3 multilayers studied. Also, the Cr/a-C multilayer system 
has a lubricating a-C phase that is expected to enhance the tribological properties of the 
multilayers. Such material parameters can be utilized into designing future multilayered 
systems of interest. 
6.3 Theoretical Model and Macroyield Map for Ti/TiN Multilayers 
6.3.1 Theoretical Model for Tensile Yield Strength of Nanoscale Multilayers 
Recently, a model was proposed by Lamm and Anderson [91] to determine the role 
of microstructural parameters such as bi-layer thickness, volume fraction, modulus 
mismatch, and lattice parameter mismatch on the macroscopic yield strength of metallic 























Figure 6.10 Hall-Petch plot for the current Cr/a-C multilayers and literature data for 
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mechanical equilibrium, the critical conditions for CLS in which dislocations propagate 
only in alternating layers, and the critical condition for bulk yield whereby extensive co-
deformation occurs.  
 In this model, the authors discussed the state of the multilayers prior to loading 
and after loading [92]. For a multilayered thin film composed of materials 1 and 2 with the 
in-plane dimensions ( ol1 , 
ol2 ), thickness (
oh1 , 
oh2 ), and lattice parameters (
oa1 , 
oa2 ), it may 
be modeled as thin sheets that are in a detached, stress-free form. Before loading, a 
coherent interface is produced by stretching or compressing individual layers elastically 
on the condition that oooo aall 1212 // = . However, in-plane strain may occur including both 
elastic ( ke ) and plastic (
p
kε ) deformation 











+=ε    (6.4) 
where )1/( kkk vEM −=  is the bi-axis elastic modulus for phase k ( kE  and kv  are 
Young’s modulus and Poisson’s ratio of phase k, respectively). The plastic strain is due to 
orthogonal arrays of the misfit dislocations of the Burgers vector magnitude kb , and in-
plane dislocation spacing ks  in layer k. Such arrays can be deformed during thin film 
growth or generated by the effective in-plane plastic stretching of Orowan-type 
dislocation loops that propagate in a CLS mode [91].  
Prior to loading, there are three possible initial states of stress and coherency for 
the elastic-perfectly plastic behavior of the components. In Case (a), there is no initial 
yield in both phases, so that an elastic stress state exists in each phase, and interfaces are 
fully coherent where ( 0// 2211 == sbsb ). In Case (b), phase 1 has yielded by CLS prior 
to any applied Σ and phase 2 is deformed only elastically, so that interfaces are semi-
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coherent where ( 11 / sb > 0, 0/ 22 =sb ). Case (c) is complementary to Case (b), with 
initial yield in phase 2, an elastic stress state in phase 1, and semi-coherent interfaces 
where ( 0/ 11 =sb , 22 / sb < 0). The bi-axial internal stress state of phase 1 is given in the 


























σ    (6.5) 
The bi-axial internal stress in phase 2 can be derived using the same relation with indices 
1 and 2 interchanged. 
 The alternating layers of the multilayer yield by CLS [92], where the sources of 
dislocation loops [17,93,94] exist at the interfaces. The critical local stress for CLS in 
















σ      (6.6) 
where kµ  is the shear modulus of phase k.  
By using Equations (6.5) and (6.6), the initial internal stress and the macroyield 
stress maps for the multilayers can be generated. From those maps, a critical Λ is evident, 
below which strength plateau emerges [91,92]. Thus, decreasing layer thickness is not 
always an effective way to increase multilayer strength. To continue to increase the 
strength of the multilayer below the critical Λ, the only way is to decrease the 
compressive phase. 
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Such a model is applicable to the Ti/TiN multilayer system but not to the 
Al/Al2O3 or Cr/a-C multilayer system because in the latter two systems, one component 
(Al2O3 or a-C) is amorphous, and there is no misfit dislocation at the layer interfaces.  
6.3.2 Macroyield Map for Ti/TiN Multilayer System 
 By using the parameters given in Table 6.4, where the lattice parameters of Ti and 
TiN are derived from the SAED results, the macroyield map for the Ti/TiN multilayers 
has been generated by Lamm and Anderson (personal communication) as shown in 
Figure 6.12, where 1f  is the volume fraction of Ti, and the numbers given in the figure 
are the applied bi-axial stresses yΣ  in the unit of GPa which are a relative value. To 
obtain a coherent interface between fcc-TiN and hcp-Ti, the requirement that the close-
packed planes and directions are parallel produces an orientation relationship between the 
two phases such that TiNTi )111//()0001(  and TiNTi ]101//[]0211[  
[50]. By taking our 
experimental data, Tiad =α =0.2925 nm, and TiNad 2
2
=β =0.307 nm. Thus, the Ti 
layers are the tensile phase and the TiN layers are the compressive phase.  
 
Table 6.4 Parameters used to generate the macroyield map for the Ti/TiN multilayer 
system. 
 
Si    Ti   TiN 
v   0.28    0.35   0.3 
µ (GPa) -    44.0   173.0 
E (GPa)[82] 130    113.1   450 
a (Å)  4.235    2.925   4.345 





Figure 6.12 Macroyield map displaying the applied bi-axial stress required to induce 
co-deformation of both Ti and TiN phases. 
 As shown in Figure 6.12, the yield strength arises when Λ and 2f  (the volume 
fraction of the TiN phase) are decreased as to move to the upper left region of the map. A 
significant result is that decreasing Λ at constant 1f  causes the yield strength to increase 
initially, and then reach a plateau at small Λ. To continue to increase the strength of the 
multilayers, the valid way is to decrease the volume fraction of the compressive TiN 
phase ( 2f ). Close observation of the map will find that at 1f = 0.5, the critical Λ where 
the yield strength of the multilayers reaches a plateau is around 3 nm ( 5.1== TiNTi λλ  
nm), and at 1f = 0.1, Λcritical ≈ 21 nm. This map shows significant consistence with our 
experimental results as shown in Figure 6.9. For Group I at 1f = 0.5, the hardness showed 
a continuous hardness increase to the smallest layer thickness (λTi=5 nm) because of the 
lower critical layer thickness for this group. Also, for Group III at constant λTi=40 nm, a 
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maximum hardness value was reached at the Ti layer thickness around 20 nm because of 
the lower 1f . Thus, a significant decrease was observed for the Ti(5 nm)/TiN(40 nm) 
multilayered film, because this point went to the bottom of the map and hit a lower 
macroyield applied stress. To achieve a high hardness, an upper left point was preferred 
as shown in Figure 6.12.  
 From the macroyield map in Figure 6.1, by taking fTi = 0.5, we can get the 
macroyield stresses ( yΣ ) at different λTi (λTi = 2
1 (Λ/b)*b, where Λ/b is read from the 
map), which is plotted as a Hall-Petch relation as shown in Figure 6.13. It is interesting to 
note that the strength of the Ti/TiN multilayers predicted by Lamm and Anderson’s map 
shows a linear Hall-Petch relationship. Thus, the macroyield map also predicts and 










Figure 6.13 Hall-Petch relation of the macroyield stress obtained from the map in Figure 
























6.4 Residual Stress in Multilayers 
6.4.1 Residual Stress 
Table 6.5 Curvature radius and residual stress for the Al/Al2O3 multilayer system. 
Al/Al2O3 
λm/λc 
(nm) R (m) 
rsσ  
(MPa) 
Al Film 783.6 − 42.1 − 71.5* 
Al2O3 Film 786 + 3.97 + 756.1** 
50/50 + 4.8 + 491.9 
40/40 + 76.8 + 30.7 
30/30 − 57.6 − 41.0 Group I 
20/20 − 26.8 − 88.0 
40/30 − 24.6 − 95.9 
40/20 − 18.5 − 127.7 Group II 
40/10 − 8.1 − 292.7 
30/40 − 20.4 − 115.6 
20/40 − 36.4 − 64.9 Group III 
10/40 − 15.4 − 153.5 
R = Curvature Radius, rsσ = Residual Stress. 
* “−” stands for a tensile stress; 
** “+” stands for a compressive stress. 
The Young’s modulus of Si(100) wafers is 130 GPa, and the Poisson’s ratio is 
0.28. The thickness of the substrate and the film is around 280 µm and 1 µm, respectively. 
The radius of the curvature was measured by using the Tencor Profiler. By using 
Equation (3.36), the average residual stress can be calculated. The curvature radius and 
the calculated stress for the Al/Al2O3 multilayers and pure Al and Al2O3 films are 
summarized in Table 6.5. The negative mark stands for a tensile stress in the film, and the 
positive mark stands for a compressive stress. The deposited Al film has a tensile stress 
of 71.5 MPa. However, the Al2O3 film has a compressive stress of 756.1 MPa. All 
Al/Al2O3 multilayers show a tensile stress except that of the Al(50 nm)/Al2O3(50 nm) and 
Al(40 nm)/Al2O3(40 nm) multilayers. The maximum tensile stress of the multilayers 
(292.7 MPa for the Al(40 nm)/Al2O3(10 nm) multilayered film) is even much higher than 
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that of the pure Al film. The mean residual stress value of the first group multilayers 
predicted by the ROM is + 342.3 MPa; however, the current results are not close to this 
value. Thus, the residual stress of the multilayers cannot be simply predicted by the ROM.  
 For the Group I of the Al/Al2O3 multilayers, Figure 6.14(a), the Al(50 
nm)/Al2O3(50 nm) multilayered film shows a compressive stress of 491.9 MPa, which is 
close to that of pure Al2O3 film. As λAl descends to 40 nm, the compressive residual 
stress decreases to a value close to zero. Further reducing the Λ results in a tensile stress 
in the multilayers. Lamm and Anderson [92] argued that the compressive stress in the 
multilayers was beneficial to the tensile strength. A combination of the residual stress 
results with the hardness for the Al/Al2O3 multilayers in Group I (Figure 6.5(a)) shows a 
significant consistency with their argument. It also shows that 40 nm is a critical λAl for 
the Al/Al2O3 multilayer system because below this level the residual stresses change to 
tensile. Similar to the hardness, the residual stresses are mainly controlled by the Al 
phase. 
The rsσ  of the Group II of the Al/Al2O3 multilayers while Alλ = 40 nm shows a 
slight increase as reducing 
32OAl
λ  (Figure 6.14(b)). All tensile stress values of the 
multilayers in this group except that of the Al(40 nm)/Al2O3(40 nm) multilayered film are 
even higher than that of the pure Al film, which are detrimental to the hardness 
enhancement. Thus, as 
32OAl
λ  decreases, the tensile rsσ  increases and the hardness 
decreases. 
Figure 6.14(c) shows the residual stresses of the Group III of the Al/Al2O3 
multilayers while 
32OAl
λ = 40 nm. Some former common results are also shown. For 
example, all residual stresses are close to that of the pure Al film, showing that the 
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residual stress of the current Al/Al2O3 multilayer system is mainly controlled by the Al 
phase. Also, the residual stresses do not vary significantly in this group; thus, the 






































Figure 6.14 Residual stress versus layer thickness of the Al/Al2O3 multilayers for (a) 
32OAlAl
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Figure 6.15 Residual stress versus layer thickness of the Ti/TiN multilayers for (a) λTi = 
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Table 6.6 Curvature radius and residual stress for the Ti/TiN multilayer system. 
Ti/TiN λm/λc (nm) R (m) 
rsσ  
(MPa) 
Ti Film 1310 7.836 231.8 
TiN Film 937 4.93 510.7 
40/40 7.556 312.2 
30/30 − 38.934 − 60.6 
20/20 4.203 561.3 Group I 
10/10 5.883 401.0 
40/30 7.572 311.6 
40/20 7.027 335.7 Group II 
40/10 5.648 417.7 
30/40 11.656 202.4 
20/40 4.985 473.3 Group III 
10/40 1.502 1570.7 
 
 The curvature radius and the residual stress for the Ti/TiN multilayers and pure Ti 
and TiN films are summarized in Table 6.6. Both Ti and TiN films and all multilayers 
show a compressive stress except that of the Ti(30 nm)/TiN(30 nm) multilayered film 
without known reason yet. 
Figure 6.15 shows the residual stress of the three groups Ti/TiN multilayers 
versus the layer thickness along with that of pure Ti and TiN films. The rsσ  values do not 
show an apparent difference except that of the Ti(10 nm)/TiN(40 nm) multilayered film 
showing a very high compressive residual stress (Figure 6.15(c)).  
The curvature radius and residual stress of all Cr/a-C multilayers and pure Cr and 
a-C films are summarized in Table 6.7. It is evident that the multilayers significantly 
reduce the high compressive residual stresses present in the a-C film. The residual 
stresses were found to decrease with decreasing the modulation period or Cr layer 
thickness. This suggests that besides other benefits, synthesis of nanocomposite 
multilayers provides the opportunity to deposit thick films. Synthesis of thick, hard a-C 
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films has been difficult due to their inherent high compressive stresses. It is interesting 
that the residual stresses of the Cr(10 nm)/a-C(40 nm) and Cr(20 nm)/a-C(40 nm) 
multilayers are even lower than that of pure Cr film. 
Table 6.7 Curvature radius and residual stress for the Cr/a-C multilayer system. 
Cr/a-C λm/λc (nm) R (m) 
rsσ  
(MPa) 
Cr film 900 22 119.3 
a-C film 307 4 1921.2 
40/40 4.24 556.4 
30/30 5.30 445.1 Group I 
20/20 5.96 395.8 
30/40 5.80 406.8 
20/40 39.6 59.6 Group II 









Figure 6.16 Residual stresses of the Cr/a-C multilayers versus λCr. 
6.4.2 Origins of Residual Stress in Multilayers 
Awano et al. [29] studied a Co/noble metal multilayer system and argued that there 
are two possible origins of the intrinsic stress for a multilayered film: (i) stress induced 
by lattice mismatch, and (ii) stress induced by the difference in surface free energy 
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no lattice mismatch at the layer interfaces of the Al/Al2O3 and Cr/a-C multilayer systems 
except that of the first metallic layer on the Si substrate. Thus, the residual stress may be 
mainly caused by the surface free energy difference for these two multilayer systems 
according to the argument by Awano et al. When material 1 is deposited on material 2, 
the stress produced by the surface free energy ( sσ ) is 
2121 γγγσ −+=effs t      (6.7) 
where 1γ  and 2γ is the surface free energy of materials 1 and 2, respectively, and 12γ  is 
the interface free energy between materials 1 and 2, and efft  is defined as an effective 
thickness at which the stress induced by the difference of the surface free energy of the 
two materials is extinguished (taken as 2 Å). For a multilayer system with N layers, the 
total residual stress produced by the surface free energy ( stotσ ) is the summation of the 








)1(σσ      (6.8) 
where soσ  stands for the stress induced on the substrate by the first layer. For a 
multilayer with equal layer number of phases 1 and 2 ( nNnn ===
221
), if phase 1 is the 















































1212 )1( γγγγ −++
−
=       (6.9) 
The first term in Equation (6.9) stands for the stress caused by the difference of the 
surface free energy between the last layer and the substrate, and the second term stands 
for the interface free energy. Apparently, the interface free energy is a function of the 
number of layers. 
 For the Ti/TiN multilayer system, both Ti and TiN phases have crystal structures. 
Thus, the stress induced by lattice mismatch may become important. From Equation (6.5), 






















=σ    (6.10) 
The bi-axial internal residual stress in phase 2 can be derived using the same relation with 
indices 1 and 2 interchanged. Seen from Equation (6.10), the internal residual stress 
caused by lattice mismatch is a function of the volume fraction of each phase.  
Ruud et al. [97] also argued that the stresses in multilayers could result from 
several reasons: growth process, differences in thermal expansion between film and 
substrate, coherency strains, interfacial reactions, and the interface stress. They discussed 
bulk and interface stresses in Ag/Ni multilayers. A relation was developed by minimizing 
the energy due to the uniform straining of the multilayers as a result of variations of the 
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where fA and fB is the interface stress and Ad  and Bd  is the layer thickness of A and B, 
respectively, Λ is the modulation period ( BA dd +=Λ ), fd  is the total thickness of the 
multilayer ( Λ=
2
Nd f ), N is the number of interfaces in the multilayer, 
A
0ε  and 
B
0ε  is the 
total strains in the A and B layers, respectively, and sY , AY  and BY  is the biaxial modulus 






. The first term of Equation 
(6.11) is the Stoney equation, as given in Equation (3.36), for the bi-axial stress (σ ) in a 
thin film on a substrate [57]. The second term is the stress in the multilayers due to 
bending, which is negligible because fd << sd . The third term is the average deposition 













= εεσ    (6.12) 
Therefore, the total measured stress of a multilayered film results from the bulk 
deposition stress in the layers (the first term in Equation (6.12)) and the interface stress 
(the second term in Equation (6.12)). For the first term, a mean residual stress value of 
individual layers is expected as that for a multilayer. The total residual stresses of all 
current multilayers are different from the mean residual stress of the components. 
Especially in the Cr/a-C multilayers, the residual stresses are much lower than that 
expected by the first term in Equation (6.12). The second term must also play an 
important role in the total residual stress. Awano et al.’s argument [29] also shows that the 
interface stress (caused by surface free energy) is important for the total residual stress of 
a multilayered film. Thus, the introduction of interfaces by a multilayered structure can 
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reduce the high residual stress in the a-C film significantly, and also has an important 
effect on the total residual stress in the other two multilayer systems. 
6.5 Fracture Toughness Study of Multilayers 
 One important advantage of multilayers is that they possess a large amount of 
interface area, which is beneficial for the toughness enhancement and the crack 
propagation resistance. Holleck et al. [7] schematically studied the toughening 
mechanisms in the ceramic TiC/TiN multilayers. It was argued that the multilayer 
structure would inhibit the grain growth and be beneficial for the crack splitting, interface 
toughening, and stress relaxation; the interfaces would deflect the crack and reduce crack 
propagation; and the nanoplasticity or interface “opening” would reduce the stress 
concentration and also reduce crack propagation. Metal/ceramic multilayers are expected 
to possess better fracture toughness properties because of the presence of the tough metal 
phase. A schematic illustration of the surface crack of a Ti(30 nm)/TiN(40 nm) 


























Figure 6.18 Fracture toughness versus layer thickness for the Al/Al2O3 multilayers (a) 
Group I at 
32OAlAl
λλ = and Group III at 
32OAl
λ = 40 nm, and (b) Group II at Alλ  
= 40 nm. 
 
studied by Hitachi S-3600N scanning electron microscope (SEM). The fracture toughness 
of current films can be calculated by using Equation (3.41).  
Figure 6.18 shows the fracture toughness (Kc) of the Al/Al2O3 multilayers versus 
the layer thickness. The Kc for the Al film is 7.05 MPa m1/2, and that for the Al2O3 film is 
1.29 MPa m1/2. The Kc values for all Al/Al2O3 multilayers are higher than that of the 
Al2O3 film. The presence of the metallic layers improved the Kc of Al2O3 in different 
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Figure 6.19 Fracture toughness versus layer thickness for the Ti/TiN multilayers (a) 
Group I at λTi = λTiN and Group III at λTiN = 40 nm, and (b) Group II at λTi = 
40 nm.  
fracturetoughness value (Kc=2.38 MPa m1/2) of the multilayers (Al(30 nm)/Al2O3(40 nm)) 
was around 85% higher than that of the pure Al2O3 film. The Kc values of Group I 
multilayers are almost the same because of the same Alf  except that of the Al(40 
nm)/Al2O3(40 nm) multilayered film, which has a lower Kc value without a known reason, 
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dotted line as increasing the metallic layer thickness while 
32OAl
λ = 40 nm. While Alλ = 40 
nm (Figure 6.18(b)), as 
32OAl
λ  decreases, the Kc increases at the beginning to a maximum 
value 2.14 MPa m1/2 because of the increase of Alf , then decreases while 32OAlλ = 10 nm.  
Figure 6.19 shows the Kc of the Ti/TiN multilayers versus the layer thickness. The 
Kc for the Ti film is 9.09 MPa m1/2, and that for the TiN film is 1.65 MPa m1/2. The 
highest Kc value (2.27 MPa m1/2) of the multilayers (Ti(40 nm)/TiN(40 nm)) was around 
37.5% higher than that of the pure TiN film. However, the fracture toughness of some 
multilayers was even lower than that of the pure TiN film. This may be caused by the 
residual stress left after deposition. Another interesting phenomenon was observed in 
Group II Ti/TiN multilayers (Figure 6.19(b)): the fracture toughness increases as the 
layer thickness of the ceramic increases. Generally, the fracture toughness decreases as 
the volume fraction of the ceramic phase increases. However, as λTiN increases, the 
residual stress decreases and the fracture toughness increases. Thus, the fracture 
toughness of the Ti/TiN multilayers was not only controlled by the layer thickness, but 
also on residual stress in the multilayers. 
Figure 6.20 shows the fracture toughness (Kc) versus λCr of the Cr/a-C 
multilayers. The results suggest a general trend of increasing in Kc with λCr. The results 
suggest that fracture toughness is mainly controlled by the metal layer thickness as 
described by Equation (3.40). 
The fracture toughness of Si substrates is 0.79 MPa m1/2 [98]. Thus, the surface 
modification by metal/ceramic multilayers improved the fracture toughness of Si wafers 
significantly. Generally speaking, the fracture toughness increases as tough metallic layer 
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Figure 6.20 Fracture toughness versus λCr at λa-C = 40 nm. 
theoretical fracture toughness values (Kct) calculated by using Equation (3.40) at some 
typical metallic layer thickness (λm) as well as the measured Kc by the surface cracking 
method for the group with equal metallic and ceramic layer thickness. The yield strength 




s ≈σ , 
where HN is the nanohardness of the strong phase. Equation (3.40) predicts that 
toughness would increase with metal layer thickness, and this is consistent with the 
present observations. It is also worthy to note that all measured fracture toughness values 
of the multilayers are higher than that of the theoretical values except that of the Al(40 
nm)/Al2O3(40 nm) multilayered film. The latter theoretical treatment was derived for 
laminates composed of thick layers (layer thickness ~100 µm) where large plastic zones 
are present. The difference in behavior can be attributed to scale effects on the 
mechanical properties and deformation mechanisms that prevail in nanocomposites. 
Finally, it should be noted that optimization of film properties would require 
consideration of the opposite trends of hardness and fracture toughness with λm. 
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Table 6.8 Fracture toughness results (Kc and Kct) for  
Group I of the three multilayer systems. 
Al/Al2O3 Ti/TiN Cr/a-C λm 
(nm) Kc* Kct* Kc Kct Kc Kct 
40 1.48 1.56 2.27 1.87 3.49 1.50
30 1.92 1.35 2.07 1.62 3.47 1.30
20 1.99 1.10 1.99 1.32 2.21 1.06
10 - - 0.98 0.94 - - 
* The units of Kc and Kct are MPa m1/2. 
6.6 Tribological Behavior of Multilayers 
 Figure 6.21 shows the wear test results for the substrate material of Si(100) wafer. 
The friction coefficient at the steady stage for Si(100) wafer is around 0.65.  
Figure 6.22 presents the variation of the coefficient of friction as a function of 
sliding cycles for pure Al and Al2O3 films and their bulk counterparts, along with some 
selected Al/Al2O3 multilayers. The friction coefficient of bulk Al2O3 and Al2O3 film is 0.7 
and 0.8, respectively; and that of pure Al film is 0.2 initially, followed by a high friction 
stage that eventually reaches a steady state at a friction coefficient of about 0.8, Figure 




















Figure 6.21 Friction coefficient versus sliding cycles for Si(100) wafer. 
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stages, the friction coefficient of the Al film is significantly lower than that of the bulk Al. 
This difference is attributed to lower grain size present in the Al film compared to that in 
the bulk Al (~5 µm). A smaller grain size causes an increase in hardness that in turn 
improves the frictional behavior. However, Al is characterized by a high wear rate, and 
thus the life of the film is short. Furthermore, due to high temperatures pertaining at the 
asperity contacts, Al may experience abrasive wear as a result of the oxidation of the 
debris during sliding, shortening its lifetime. The frictional behavior of the Al/Al2O3 
multilayers shows some periodic excursions suggesting a layer-by-layer wear 
mechanism. As the pin slides on the metallic layer, the friction coefficient drops due to 
the lower friction of the nanostructured Al layer. However, due to its high wear rate, the 
metal wears out fast, and the friction returns to the higher friction of the ceramic phase. 
Consistent with the above is the observation that the duration of the lower friction stage 
relates to the thickness of the metallic layer, Figures 9.2(b) and (c). When λAl decreases to 
10 nm, the low friction peaks disappear and the friction behavior is completely controlled 
by the ceramic phase. 
Figure 6.23 presents the variation of the friction coefficient as a function of the 
sliding cycles for pure Ti and TiN films, bulk Ti and some selected Ti/TiN multilayers. 
Figure 6.23(a) shows that in general, Ti has a lower friction coefficient than the TiN film. 
The Ti film shows somewhat higher friction than the bulk Ti more than likely due to its 
coarse columnar structure. The frictional behavior of the selected Ti/TiN multilayers 
shows similar excursions in friction to those observed in the Al/Al2O3 multilayers, 
Figures 9.3(b)-(d). Their duration diminishes with decreasing metal layer thickness and 






















Figure 6.22 Friction coefficient versus sliding cycles for (a) pure Al and Al2O3 films and 
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Figure 6.23 Friction coefficient versus sliding cycles for (a) pure Ti and TiN films and Ti 
bulk, (b) Ti(40 nm)/TiN(40 nm), (c) Ti(30 nm)/TiN(30 nm), and (d) Ti(10 
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friction excursions in Figure 6.23(b) reach values as low as 0.45 that are significantly 
lower than those shown in Figure 6.23(a) for Ti (bulk or film). However, HRTEM 
showed that Ti in the multilayers is nanostructured, Figure 6.3(d), which is expected to 
result in higher hardness and thus lower friction, consistent with the observation in the Al 
layers. Although the metal layers in this system do not last long, their presence causes a 
lower friction coefficient for all multilayers than that of the monolithic TiN film. The 
present results suggest that future multilayered tribological systems should consider 
incorporation of lubricious metals in order to extend the low friction stage and 
significantly improve wear resistance. 
Figure 6.24 presents the variation of the friction coefficient as a function of the 
sliding cycles for selected Cr/a-C multilayers. All Cr/a-C multilayers showed a low 
friction coefficient around 0.1. The results show that the lifetime of the Cr(20 nm)/a-C(20 
nm) film was about 800 cycles, Figure 6.24(a). Increasing the layer thickness of both 
components to 30 nm increased the lifetime to about 1250 cycles, Figure 6.24(b). A 
further increase in the thickness of both layers improved the film durability but caused 
some fluctuation in the friction coefficient, Figure 6.24(c). This behavior can be 
attributed to the lubricity of the a-C layer that provides low friction but also to its high 
wear rate. Thus, when present as a thin layer, a-C has a short lifetime and a thick layer is 
preferred. On the hand Cr has a high friction coefficient and wear rate. Thus, the Cr(40 
nm)/a-C(40 nm) multilayered film lasted longer but with a variation in the friction 
coefficient due to the presence of a relatively thick Cr layer. The results suggest that a 
thin Cr layer may be desirable with the intent to provide strengthening and delay the high 
wear rate of the lubricious thick a-C layer. The above two elements were present in the 
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Cr(30 nm)/a-C(40 nm) multilayered film which exhibited both low friction and high wear 
rate, Figure 6.24(d). 
Because of the high friction coefficient and wear rate of the Al/Al2O3 and Ti/TiN 
multilayers, the valley of their wear tracks is more than 1 µm, which is more than the 
thickness of the multilayers. Thus, only the surface profile of the wear results for the 
selected Cr/a-C multilayers is shown here (Figure 6.25). It shows that the valley of the 
wear track for the Cr(20 nm)/a-C(20 nm) multilayered film (Figure 6.25(a)) is 2.9 µm, 
and those for the other multilayers (Figure 6.25(b), (c), and (d)) are around 1 µm. Also, 
the width of the wear track decreases as the a-C layer thickness increase for Group I 
Cr/a-C multilayers. The X-profile of the wear track for the Cr(30 nm)/a-C(40 nm) 
multilayered film (Figure 6.25(d)) shows the least depth and width. The wear rate (W) for 
these selected Cr/a-C multilayers is given in Table 6.9, which is calculated by using 
Equation (5.7). The Cr(30 nm)/a-C(40 nm) multilayered film shows the best tribological 
behavior with a low wear rate of 5.9×10-5 mm3/N m. 
 
Table 6.9 Wear rate of selected Cr/a-C multilayers. 
 
Sample W  (×10-5 mm3/N m) 
Cr(20 nm)/a-C(20 nm) 26.1 
Cr(30 nm)/a-C(30 nm) 12.5 
Cr(40 nm)/a-C(40 nm) 9.3 























Figure 6.24 Friction coefficient versus sliding cycles for (a) Cr(20 nm)/a-C(20 nm), (b) 
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Figure 6.25 Surface profile of (a) Cr(20 nm)/a-C(20 nm), (b) Cr(30 nm)/a-C(30 nm), (c) 
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CHAPTER 7 CONCLUSIONS 
Three different systems of the Al/Al2O3, Ti/TiN, and Cr/a-C multilayers standing 
for different metallic phase structures and with different elastic modulus combinations 
were designed and studied. Both Ti and TiN phases have a crystalline structure in the 
Ti/TiN multilayers. However, the metallic phase has a crystalline structure and the other 
phase is amorphous in the other two systems. In the Al/Al2O3 and Ti/TiN multilayers, 
both ceramic phases possess a higher shear modulus than that of the mating metallic 
phase. However, the a-C phase has a lower shear modulus than that of the Cr phase in the 
Cr/a-C multilayers. Through detailed examination of the microstructure, mechanical 
properties, tribological characterization, residual stress, and fracture toughness of these 
multilayer systems by various techniques, several conclusions are drawn as follows: 
1) Plan-view and cross-sectional TEM were utilized to examine and analyze the 
phase morphology and crystal structures of these multilayers. It showed that the 
Al and Ti layers are polycrystalline with fcc and hcp structures, respectively, and 
the Cr layers have a columnar bcc structure, presenting three main metal 
structures. The TiN layers have a columnar fcc structure, and the Al2O3 and C 
layers are amorphous. 
2) The mechanical properties of the three systems were significantly affected by the 
nanoscale size of their components. The rule of mixture was found to 
underestimate their hardness. 
3) Even though in all three multilayered systems, an increase in the volume fraction 
of the ceramic phase was found in general, to increase the elastic modulus and 
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hardness, the dominant role in the mechanical response was played by the metal 
layer thickness. 
4) The hardness response in all three systems can be described as a function of the 
metal layer thickness by the Hall-Petch relationship. A critical Al layer thickness 
of 40 nm was found for the Al/Al2O3 multilayer system. The hardness increase 
was observed up to the smallest layer thickness studied for the group with equal 
metallic and ceramic layer thickness (5 nm and 20 nm in the Ti/TiN and Cr/a-C 
multilayers, respectively).  
5) The strengthening mechanism for the Al/Al2O3 multilayer system could be 
explained by Koehler’s prediction because the Frank-Read dislocation source 
would not operate while the Al layer thickness was below 40 nm. The 
strengthening of the Ti/TiN multilayers is consistent with the macroyield maps 
proposed by Lamm and Anderson in which the strength of multilayers is 
determined by the applied stress needed to eliminate the compressive bi-axial 
stress in the alternating layers. The strengthening arising from the in-plane grain 
boundaries in the Cr layers is expected to be more significant in the Cr/a-C 
multilayer system. 
6) The high compressive residual stress of a-C film is significantly reduced by a 
Cr/a-C multilayered structure, and the residual stress of the multilayers is mainly 
controlled by that of Cr phase. 
7) The multilayer structure improved the fracture toughness of the ceramic phase. 
Both the metal layer thickness and volume fraction had an effect on the fracture 
toughness of the multilayers.  
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8) The tribological results showed that the present multilayered thin films followed a 
layer-by-layer wear mechanism for the Al/Al2O3 and Ti/TiN multilayers, and the 
friction coefficient varied depending on the layer nature. The friction coefficient 
was mainly controlled by the frictional behavior of the ceramic component. The 
Cr/a-C multilayers have a low friction coefficient around 0.1, and the layer 
thicknesses of both a-C and Cr have an effect on the wear rate. 
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